Magnesium alloys have received an increasing interest in the past 12 years for potential applications in the automotive, aircraft, aerospace, and electronic industries. Many of these alloys are strong because of solid-state precipitates that are produced by an age-hardening process. Although some strength improvements of existing magnesium alloys have been made and some novel alloys with improved strength have been developed, the strength level that has been achieved so far is still substantially lower than that obtained in counterpart aluminum alloys. Further improvements in the alloy strength require a better understanding of the structure, morphology, orientation of precipitates, effects of precipitate morphology, and orientation on the strengthening and microstructural factors that are important in controlling the nucleation and growth of these precipitates. In this review, precipitation in most precipitation-hardenable magnesium alloys is reviewed, and its relationship with strengthening is examined. It is demonstrated that the precipitation phenomena in these alloys, especially in the very early stage of the precipitation process, are still far from being well understood, and many fundamental issues remain unsolved even after some extensive and concerted efforts made in the past 12 years. The challenges associated with precipitation hardening and age hardening are identified and discussed, and guidelines are outlined for the rational design and development of higher strength, and ultimately ultrahigh strength, magnesium alloys via precipitation hardening.
I. INTRODUCTION
MAGNESIUM is the lightest of all commonly used structural metals, with a density approximately two thirds that of aluminum and one quarter that of steels. Magnesium is an abundant element, comprising 2.7 pct of the Earth's crust, and it is available commercially with purity exceeding 99.8 pct. Magnesium has a relatively low melting temperature and high specific heat. Hence, magnesium and its alloys may, thus, be readily cast to near-net shape by conventional casting methods. Because of such attractive features, magnesium alloys have received considerable research over the last decade for potentially wider and larger applications in the automotive, aircraft, aerospace, and 3C (computer, communication, and consumer electronic product) industries. The annual production rate of magnesium metal was approximately 450,000 tons in 2001 and reached~720,000 tons in 2008. Despite the considerable efforts made thus far, the adoption of magnesium alloys in engineering applications remains limited compared with that achieved for aluminum alloys. One important technical reason is that there are limited magnesium alloys for designers to select from for specific applications, and within these limited choices, the most cost-effective magnesium alloys have inadequate properties such as yield strength, creep-resistance, formability, and corrosion resistance. The accumulated empirical experience, rather than basic understanding, provides the tools for practical design and development of magnesium alloys with better mechanical and chemical properties.
Many magnesium casting and wrought alloys achieve their useful mechanical properties via age hardening, which involves (1) solution treatment at a relatively high temperature within the a-Mg single-phase region, (2) water quenching to obtain a supersaturated solid solution of alloying elements in magnesium, and (3) subsequent aging at a relatively low temperature to achieve a controlled decomposition of the supersaturated solid solution into a fine distribution of precipitates in the magnesium matrix. The decomposition of the supersaturated solid solution often involves the formation of a series of metastable or equilibrium precipitate phases that have a different resistance to dislocation shearing. Therefore, the control of the precipitation is important if the maximum precipitation strengthening effect is to be achieved.
Attempts to improve the age-hardening response of magnesium alloys inevitably requires an in-depth understanding of precipitation, precipitation hardening, and microstructural factors that are most important in controlling the precipitation of strengthening phases and the strength of precipitation-hardenable alloys. For precipitation-hardened magnesium alloys, their microstructures often contain a distribution of plate-shaped or lath-rodshaped precipitates of intermediate or equilibrium phases formed parallel or normal to the basal plane of the magnesium matrix phase. In the last century, the crystal structure, composition, and orientation relationship of these precipitates have been characterized primarily using conventional transmission electron microscopy (TEM) and electron diffraction. As a consequence of the resolution and limitation of these techniques, the characteristic features of some precipitate phases and the precipitation sequence in many alloys were not clearly established. In the first decade of this century, with the assistance of highresolution transmission electron microscopy, particularly atomic-resolution high-angle annular dark-field scanning transmission electron microscopy (HAADF-STEM), and three-dimensional atom probe (3DAP), some puzzles on the structure and composition of precipitate phases in some existing magnesium alloys have been solved. These modern characterization facilities also greatly facilitate the identification of precipitates in magnesium alloys that are developed in recent years. Such knowledge on the crystallography of precipitate phases provides the basis for the understanding of the formation and strengthening mechanisms of the precipitate phases and, more importantly, for the rational alloy design in practice.
The purpose of this article is to provide a comprehensive review of the literature on precipitation and hardening in most, if not all, age-hardenable magnesium alloys. Because a few books on magnesium alloys [1] [2] [3] [4] and some review articles on precipitation in magnesium alloys [5] [6] [7] [8] and particle hardening [9] [10] [11] [12] are already in the literature, the emphasis of this article will be focused on (1) the structure, morphology, and orientation of precipitates, precipitation sequence and hardening response in each of the major alloy systems; (2) the effects of precipitate shapes on strengthening; and (3) the rational design of microstructures for larger agehardening response and therefore higher strength. Some unsolved issues that require additional research are also highlighted and discussed.
II. PRECIPITATION AND AGE-HARDENING RESPONSE
A. Mg-Al-Based Alloys
Precipitation
The magnesium-rich side of the Mg-Al binary phase diagram includes equilibrium solid phases a-Mg and bMg 17 Al 12 , as well as a eutectic temperature of 710 K (437°C). The b phase has a body-centered cubic structure (space group I " 43m) with the lattice parameter a~1.06 nm. [13] The equilibrium solid solubility of Al in a-Mg is 11.8 at. pct (12.9 wt pct) at the eutectic temperature, and it decreases to approximately 3.3 at. pct at 473 K (200°C). [14] The equilibrium volume fraction of precipitates achievable in the Mg-Al alloys aged at 473 K (200°C) can reach a substantially large value of 11.4 pct. This thermodynamic feature provides a unique opportunity for generating a large volume fraction of precipitates by using conventional aging treatments, i.e., solution treatment at approximately 692 K (420°C), followed by water quench and subsequent aging at a temperature in the range of 373 K to 573 K (100°C to 300°C). Unfortunately, during the isothermal aging treatment in the temperature range 373 K to 573 K (100°C to 300°C), the precipitation process seems to involve solely the formation of the equilibrium b phase (Table I) . Although the b precipitates are resistant to dislocation shearing, [15, 16] their distribution is relatively coarse, presumably because of the relatively high diffusion rate of Al atoms in the solid matrix of magnesium and a possibly high concentration of vacancies in the aMg matrix. Consequently, the age-hardening response of Mg-Al alloys [15, [17] [18] [19] [20] is not as appreciable as expected (Figure 1(a) ). [19, 20] Previous studies [16, 21] revealed that the precipitation of the equilibrium b phase occurs both discontinuously and continuously. The discontinuous precipitation is also known as cellular precipitation, and in this reaction, the supersaturated solid solution a¢ phase decomposes into the b phase and an a phase that is structurally identical to the a¢ phase but has a less saturated concentration of aluminum. The discontinuous precipitation initiates in grain boundaries and expands toward the grain center in a cellular form. [22] The cell comprises a lamellar structure of b and a phases, and the cell interface separating a and a¢ is a high angle boundary. The continuous precipitation occurs inside the grains. The continuous and discontinuous precipitations occur simultaneously and compete with each other during isothermal aging of Mg-Al alloys. Duly et al. [23] [24] [25] reported that the continuous precipitation is favored at both high and low aging temperatures and that discontinuous precipitation dominates the microstructure at intermediate temperatures. They proposed that the disappearance of discontinuous precipitation at high aging temperatures is caused by the volume diffusion of solute that prevents the nucleation and growth of the cellular colonies and that the absence of discontinuous precipitation at low aging temperatures is the result of a lower driving force, which is caused by the occurrence of continuous precipitation in the early stage of aging treatment.
A more recent study of a binary Mg-9 wt pct Al alloy and alloy AZ91 [26] indicates that in the binary Mg-9 wt pct Al alloy samples aged at 423 K (150°C) or cooled from the solution temperature to room temperature, only discontinuous precipitates are observed, whereas that only continuous precipitates form when the binary and the AZ91 alloys are aged at 623 K (350°C). It is also found that both discontinuous and continuous precipitates form when the alloys are aged at intermediate temperatures of 473 K or 523 K (200°C or 250°C). It was proposed [26] that whether discontinuous precipitation occurs also depends on the concentration of vacancies in addition to the aging temperature.
For most continuous precipitates and discontinuous precipitates of the b phase in the lamellar structure, they were initially reported to adopt the exact Burgers orientation relationship, i.e., 011 ð Þ b == 0001 ð Þ a ; 1 " 11 Â Ã b == 2 " 1 " 10 Â Ã a . [27] Subsequent transmission electron microscopy studies [28, 29] indicate that the orientation relationship is actually near the Burgers. The b precipitates in this orientation relationship have a plate morphology, with their broad surface parallel to (0001) a (Figures 1(b) and (c)). Although the b plates in this orientation relationship are often described as incoherent, [7, 8, 30] ample experimental evidence demonstrates that the equilibrium b phase is in fact not incoherent. Apart from the apparent lattice matching between the b phase and surrounding matrix phase in Table I . Part of the Whole Precipitation Sequence in Individual Magnesium Alloy Systems § Precipitation process is not well studied; *d is separation distance of columns of RE atoms; # low Gd:Zn weight ratio and low Gd content.
the plate broad surface, or habit plane, the lattice matching is also found in interfaces defining the major and minor side facets of individual b plates. [28, 29, 31] Despite the irrational orientation of these side facets with respect to both precipitate and matrix lattices, the major and minor side facets (Figure 2 respectively. Figure 2 (a) shows the major side facet of a thin b plate that is embedded in the matrix phase. This major interface is parallel to the moire´fringes resulting is reproduced from Refs. [29] and [20] , and (c) is from Ref. [20] . ; and their resultant moire´plane, which corresponds to shown in (b). This diagram demonstrates the coherent matching of the two sets of lattice planes within the moire´plane. [34] from the overlapping of the 1 " 100 À Á a and 0 " 33 À Á b planes (Figure 2(c) ), and it contains some ledges whose unit height is defined by the interplanar spacing of the moiref ringes. The migration of this interface in its normal direction seems to involve the formation and later gliding of moire´ledges within the interface plane. [32, 33] These observations suggest the existence of commensurate matching of 1 " 100 À Á a and 0 " 33 À Á b planes [29, 33, 34] in the major facet interface, and of 10 " is the near closest-packed plane in the magnesium lattice, suggests that the major and minor side facets of each b plate have relatively low interfacial energies.
Apart from the near Burgers orientation relationship, two other orientation relationships have also been reported for the b phase, [19, 27, 29, 35, 36] . For the latter orientation relationship, the b precipitates develop a rod shape with their long axes inclined with respect to the 0001 ½ a direction. Although these rods are more effective than the (0001) a in impeding dislocation gliding on the basal plane, only a small fraction of them exists in the microstructure. It is currently unclear how to promote the rod-shape precipitates at the expenses of the (0001) a plates. Such an effort inevitably requires an in-depth understanding of the transformation strains associated with each of the orientation relationships and the activation energy barrier to nucleation.
Effects of cold work and alloying additions
Cold work after solution treatment and prior to aging, microalloying, and macroalloying additions to Mg-Al alloys do not seem to produce a significant enhancement in the age-hardening response. Clark reported [15] that cold work after solution treatment and prior to aging of a Mg-9 wt pct Al alloy could increase the age-hardening response. The enhanced aging kinetics and the maximum hardness is attributable to a high number density of dislocations and twins in the cold-worked samples before aging and heterogeneous nucleation of b precipitates on such lattice defects. It was noted that the density of precipitates formed at the twin interface and within twins is higher than that in the untwinned matrix regions. The preferential precipitation within twins may be attributed to the presence of stacking faults [37] and a higher density of dislocations within the twins. [38] The effects of microalloying additions on precipitation and age hardening of magnesium alloy AZ91 were studied by Bettles et al. [18] They added, separately, 0.1 at. pct Li, B, Ca, Ti, Sr, Ag, Mo, Ba, Pb, or 0.05 at. pct Si to AZ91. Even though the additions of such microalloying elements could influence the kinetics of precipitation and hardening, they did not lead to any appreciable increase in the maximum hardness values of the alloys (Figure 3 ). Therefore, it was speculated that the individual additions of these elements did not increase the nucleation rate of the b phase or result in the formation of any new precipitate phases that can further enhance the age-hardening response.
The macroalloying addition of Ca to Mg-Al alloys has been shown to improve the creep resistance. [39, 40] It is commonly reported in the early studies that the added Ca atoms react with Al atoms to form Al 2 Ca that has a C15 structure (space group Fd3m; a = 0.802 nm), [39] (Mg,Al) 2 Ca of a C14 structure, [40] or a mixture of the two Laves phases during casting. In a subsequent study, [41] it was reported that the intermetallic phase formed in the Mg-Al-Ca alloys has in fact a C36 structure (a = 0.584 nm, c = 1.897 nm). This C36 Laves phase has now been confirmed in many recent studies to exist as an equilibrium phase in the Mg-Al-Ca system ( Figure 4) . [42] For a long time, it has been generally accepted that the Mg-Al-Ca alloys are not age hardenable. However, a paper published in 2005 [43] reported the precipitation of C15 when a high-pressure die-cast Mg-4.5Al-3.0Ca-0.14Sr-0.25Mn (wt pct) alloy, designated AXJ530, is aged at 573 K (300°C). The C15 precipitates form as plates on (0001) a , with the following orientation relationship with the matrix phase: (111) C15 == (0001) a and 10 " 1 Â Ã
C15
== 10 " 10 Â Ã a . In a subsequent study, [44] it was reported that the same alloy exhibits an age-hardening phenomenon when it is aged at 448 K to 523 K (175°C to 250°C) and that this age-hardening response is caused by the precipitation of the C15 plates. In a very recent study [45] of Mg-2Al-2Ca and Mg-2Al-2Ca-0.3Mn (wt pct) alloys, which were produced by permanent mold casting and creep tested at 448 K and 473 K (175°C and 200°C) under 50 MPa, the C15 plates were observed to form in the as-cast microstructures of the two alloys, and ordered G.P. zones form on the basal plane of the matrix phase in the crept samples. These ordered G.P. zones were inferred to be similar to those observed in Mg-RE-Zn and Mg-Ca-Al alloys, which will be described in Section II-D, and their number density in the Mn-containing alloy is higher than that in the Mn-free alloy.
B. Mg-Zn Based Alloys
Phase equilibria and precipitation
The magnesium-rich side of the Mg-Zn binary phase diagram is more complex than that of the Mg-Al binary phase diagram. The eutectic temperature is 613 K (340°C), and the maximum solid solubility of Zn in magnesium is 6.2 wt pct (or 2.4 at. pct) at the eutectic temperature. [14] The eutectic reaction is such that the liquid phase solidifies into a mixture of a-Mg and Mg 7 Zn 3 phases. The Mg 7 Zn 3 phase has an orthorhombic structure (space group Immm, a = 1.4083 nm, b = 1.4486 nm, and c = 1.4025 nm [46] ), and it is thermodynamically stable only at temperatures above 598 K (325°C). At temperatures at and below 598 K (325°C), the Mg 7 Zn 3 phase decomposes, via an eutectoid reaction, into a-Mg and MgZn. The intermetallic phase that is in equilibrium with a-Mg at temperatures below 598 K (325°C) is MgZn. The structure of this intermetallic phase was not unambiguously established before 2006, even though the Mg-Zn based alloys have received considerable attention in the past 10 years. Based on the X-ray diffraction results, Khan [47] proposed a rhombohedral structure for the MgZn phase and expressed the lattice parameters in a hexagonal version, with a = 2.569 nm and c = 1.8104 nm. However, this rhombohedral structure has so far not been confirmed by the others. A recent study made by transmission electron microscopy and electron microdiffraction [48] suggests that the MgZn phase has a base-centered monoclinic structure (a = 1.610 nm, b = 2.579 nm, c = 0.880 nm, b = 112.4 deg).
During heat treatments of a Mg-8 wt pct Zn alloy at temperatures below 598 K (325°C), it was observed [48] that the primary intermetallic particles of the Mg 7 Zn 3 phase that had formed during the solidification process decompose into a divorced lamellar structure of a-Mg and Mg 4 . [48] The structure of this metastable Mg 4 Zn 7 phase is identical to that of the equilibrium Mg 4 Zn 7 phase (space group B/2m, a = 2.596 nm, b = 1.428 nm, c = 0.524 nm, c = 102.5 deg) in the Mg-Zn system [49, 50] rather than the triclinic structure (a = 1.724 nm, b = 1.445 nm, c = 0.520 nm, a = 96 deg, b = 89 deg, c = 138 deg) assumed for the Mg 2 Zn 3 phase by Gallot and Graf [51] and adopted by the others. [6, 8, 31] Even though it is still unclear whether the monoclinic phase Mg 4 Zn 7 is actually identical to the Mg 2 Zn 3 phase, it is commonly accepted [52] that these two phases are the same, as only one intermetallic phase exists at compositions close to Mg-(60-63.6) at. pct Zn in the Mg-Zn binary phase diagram.
The equilibrium solid solubility of Zn in magnesium decreases substantially with temperature, and the controlled decomposition of the supersaturated solid solution of Zn in magnesium can produce an age-hardening effect. [52] [53] [54] [55] [56] The aging curves of two binary Mg-Zn alloys are provided in Figure 5 (a). Depending on the alloy composition and aging temperatures, it is commonly accepted in the literature [6, 8, 30] that the decomposition of the supersaturated solid-solution matrix phase reportedly involves the formation of G.P. zones, b 0 1 (MgZn 2 ), b 0 2 (MgZn 2 ), and b (Mg 2 Zn 3 ). The formation of G.P. zones, which are described as coherent disks formed on (0001) a , has not been supported by direct experimental evidence so far. Although G.P. zones, together with Zn clusters and G.P.1 zones, were reported in recent studies [57, 58] to form in a Mg-2.8 at. pct Zn alloy aged at temperatures 295 K, 343 K, 371 K, and 433 K (22°C, 70°C, 98°C, and 160°C), no compelling experimental evidence was provided to support the existence of such Zn clusters and G.P. zones. The hardness values reported in this work are also unrealistically high compared with those reported by the others. Further careful characterization in the future using 3DAP and atomic-resolution HAADF-STEM, as well as an in-depth analysis of these characterization results, are necessary before the notion of G.P. zones and clusters is formally accepted in the precipitation sequence of Mg-Zn alloys.
The metastable phase b 0 1 , which is also described as MgZn¢, [52, 59] forms as 0001 ½ a rods, whereas the metastable phase b phases were suggested to have a hexagonal structure (a = 0.520 nm, c = 0.857 nm) [56, [60] [61] [62] [63] that is identical to that of MgZn 2 (space group P6 3 /mmc, a = 0.5221 nm, c = 0.8567 nm). [64] Another hexagonal structure (a = 0.556 nm, c = 0.521 nm) was also reported for b 0 1 , [59] but it has not been confirmed so far. The orientation relationships for these two precipitate phases are that 0001
1 and a-Mg, [60] [61] [62] and a-Mg. [56, 60] A recent electron microscopy study of precipitate phases in a Mg-8 wt pct Zn alloy aged at 473 K (200°C) [65] indicates that the precipitate structures and orientation relationships are more complicated than those reported in early studies. the eutectoid reaction within primary particles of the Mg 7 Zn 3 phase. The proposed crystal structure and the orientation relationship are subsequently confirmed in separate studies on precipitates in Mg-Zn-Y alloys. [66] [67] [68] In these latest electron microscopy studies, it is revealed that the Mg 4 Zn 7 phase has a complex substructure and planar defects elongated along the long axis of b 0 1 rods ( Figure 5(d) ). In a very recent study, [69] it was reported that the b . Some domains of a facecentered cubic structure (C15) were also proposed to exist inside the b 0 1 rods. It is unclear currently whether any in situ transformation from one structure to the other occurs within the b 0 1 rods. It seems necessary to employ atomic-resolution HAADF-STEM to resolve the complex substructure of the b 0 1 rods. A small fraction of the b 0 1 phase was also found [65] to adopt a rarely reported blocky shape and a different orientation relationship with the a-Mg phase, e.g., 001 plates also have a complex substructure of domains and planar defects. [65] Most particles of the b rods in early studies. [60] [61] [62] A few b 0 2 laths with a rarely reported orientation relationship 11 " 20
were also found. [65] The broad surface of these laths is~6 deg from the nearest 10 " 10 È É a plane instead of being parallel to 10 " 10 È É a . Surprisingly, the structure and composition of the equilibrium b phase have long been accepted as those of the Mg 2 Zn 3 phase, i.e., the triclinic structure (a = 1.724 nm, b = 1.445 nm, c = 0.520 nm, a = 96 deg, b = 89 deg, c = 138 deg) and the Mg 2 Zn 3 composition, even though the alloy composition lies in the (a-Mg + MgZn) two-phase field. Based on the MgZn binary phase diagram and a more recent electron microscopy study, it seems appropriate to suggest that the equilibrium b phase has a MgZn composition and a base-centered monoclinic structure (a = 1.610 nm, b = 2.579 nm, c = 0.880 nm, b = 112.4 deg).
Recent studies indicate clearly that the precipitation sequence in Mg-Zn alloys containing 4 to 9 wt pct Zn and aged isothermally at 393 K to 533 K (120°C to 260°C) is different from that accepted traditionally. [6] [7] [8] The probable precipitation sequence in the Mg-Zn alloys is provided in Table I . Although some detailed information has been gained in recent years, with the help of advanced characterization facilities, on the structure and morphology of precipitates in Mg-Zn based alloys, there still is a lack of reports in the literature that elucidate the details of the full precipitation process and provide some insightful understanding of the nucleation and growth behaviors of the precipitate phases in this group of alloys. For example, why do the structures of the metastable b [5, 70] Co, [71] and Ba [72] ( Figure 6 (a)). In these alloys, the solution treatment temperature can be increased from 593 K to 608 K (320°C to 335°C), typically used for Mg-Zn binary alloys, to 703 K to 713 K (430°C to 440°C) for Mg-Zn-X (X = Cu, Ba, and Co) alloys without causing any local melting of the casting alloys (Figures 6(b) and (c) ). This might be the result of a substantially increased eutectic temperature in the Mg-Zn-X alloys. The use of a much higher temperature for the solution treatment allows more Zn atoms to be dissolved into the magnesium matrix after the solution treatment and possibly more vacancies to be achieved after the water quench. The higher concentrations of Zn atoms and vacancies can result in an enhanced age-hardening response during the isothermal aging treatment. A comparison of the aging curves of Mg-8Zn and Mg-8Zn-1Co (wt pct) alloys (Figures 6(a) and 5(a)) indicates that the maximum hardness value achievable at 473 K (200°C) is increased by approximately 18 pct and that the aging time needed to achieve the maximum hardness is reduced from 24 hours to~3 hours. Another comparison of microstructures of peak-aged samples of these two alloys (Figures 6(d) through (g)) reveals the increased maximum hardness is associated with a denser distribution of precipitates in the Mg-8Zn-1Co (wt pct) alloy.
In contrast to macroalloying additions, microalloying additions to Mg-Zn alloys generally cannot raise the eutectic temperature, and thus, they do not permit higher temperatures to be used for the solution treatment. [73] [74] [75] [76] [77] However, the additions of appropriate alloying elements can equally result in a substantial enhancement in age-hardening response, as demonstrated in Figure 7 (a). [75, 77] The additions of 0.1 to 0.35 wt pct Ca to Mg-(4-6)Zn alloys, [78] [79] [80] the addition of Ag, or the combined addition of Ag and Ca to a Mg-6 wt pct Zn alloy [75, 76, [81] [82] [83] [84] [85] can result in a significant enhancement in age-hardening response and tensile yield strength (Table II) . The improved age-hardening response is associated with a refined distribution of rod-shaped precipitates (Figures 7(b) and (c) [76, 77] and Figure 8) . [78] The analysis of 3DAP data suggests the cosegregation of Ca and Zn atoms in the preprecipitation stage. The Ag atoms do not associate with the Ca/ Zn clusters and are uniformly distributed in the magnesium matrix phase before they segregate to precipitates that form in the peak-aged condition. Because the combined addition of Ca and Ag leads to the largest increment in the maximum hardness, it is unclear how the Ca and Ag atoms facilitate the nucleation rate of the precipitates. A more thorough characterization of the distribution of the Ca and Ag atoms and of the structure and orientation relationships of the precipitates, as well as considerations of solute-vacancy binding energies in magnesium, [86, 87] are all required if the precise role of Ca and Ag in the nucleation is to be revealed.
Some other studies indicate that macroadditions of RE elements [56, 88] and microalloying additions of Sn and In [89] to Mg-Zn alloys have little effect on the agehardening response. A commercial magnesium alloy developed from the Mg-Zn-RE system is ZE41, Mg-4.2 wt pct Zn-1.3 wt pct RE-0.7 wt pct Zr (where RE represents rare-earth misch-metal). This alloy is often fabricated in the T5, instead of T6, condition for applications in helicopter transmission housings. The most commonly studied alloying addition in recent years seems to be Y. The additions of Y to Mg-Zn alloys led to the formation of relatively large particles of a quasicrystalline phase. [90, 91] The formation of such quasicrystalline particles does not contribute much to the alloy strength, and therefore, the Mg-Zn-Y alloys are generally extruded to achieve finer magnesium grains for strengthening purpose [92] [93] [94] (Table II) .
C. Mg-Zn-Al-Based Alloys
Mg-Zn-Al based alloys, with the Zn:Al weight ratio in the range 1:1 to 3:1, have received some interest in the last 15 years for developing casting alloys for elevated temperature applications. Although the Mg-Zn-Al ternary phase diagram is relatively well established compared with other Mg-based ternary phase diagrams, [95] [96] [97] [98] the identities of the equilibrium intermetallic phases in the Mg-Zn-Al alloys are still controversial. Based on X-ray diffraction observations, the equilibrium intermetallic phase in the Mg-Zn-Al alloys has been determined [99] [100] [101] to be the T phase that has an atomic composition of Mg 32 (Al,Zn) 49 and a body-centered cubic structure (space group Im3, a~1.4 nm [102] ). In contrast, the equilibrium intermetallic phase in the Mg-8 wt pct Zn-(4-8) wt pct Al alloys has been found [103] to the / phase. For the Mg-8 wt pct Zn-(4À8) wt pct Al alloys, the latest version of the Mg-Zn-Al isothermal section at 593 K (320°C) [97, 98] ( Figure 9 ) indicates that the equilibrium intermetallic phase is / instead of T (or s in the Figure 9 ). The / phase was originally reported to have a composition of Mg 5 Al 2 Zn 2 [104] and a primitive orthorhombic structure (a = 0.8979 nm, b = 1.6988 nm, and c = 1.9340 nm). [105] A subsequent study using transmission electron microscopy and convergent-beam electron diffraction [106] Fig. 7-(a) Age-hardening response of microalloyed Mg-2.4 at. pct Zn during isothermal aging at 433 K (160°C) (reproduced from Refs. [75] and [77] ). (b and c) Transmission electron micrographs showing distribution of precipitates in extruded and peak-aged samples of Mg-2.4Zn-0.1Ag-0.1Ca-0.16Zr (at. pct) alloy (reproduced from Refs. [76] and [77] ).
confirms the primitive orthorhombic unit cell and lattice parameters proposed in the early studies, and it indicates that the / phase has a space group of Pbcm and a composition of Mg 21 (Zn,Al) 17 .
For Mg-Zn-Al alloys with compositions lying in the (a-Mg + /) two-phase field and produced by high-pressure die casting or permanent mold casting, recent studies using TEM and convergent-beam electron diffraction patterns [107, 108] indicate that primary intermetallic particles in the as-cast condition have a quasi-crystalline structure (point group of m " 3 " 5, quasi-lattice parameter~0.515 nm) and a composition of approximately Mg 55 [109] and Mg 32 (Al,Zn,Cu) 49 [110] intermetallic alloys, but it is smaller than the that (0.528 nm) reported for the icosahedral Mg 38.5 Al 52 Zn 9.5 phase in Al-Mg-Zn alloys. [111] Even though the equilibrium T phase is often regarded as the crystalline approximant of the icosahedral phase, [112] the metastable quasi-crystalline phase does not transform to the T phase after prolonged heating at elevated temperatures such as 598 K (325°C). Instead, the quasi-crystalline particles are gradually replaced by the / phase without any intermediate phases formed between them. Given that the composition of the Mg-8 wt pct Zn-4 wt pct Al alloy is in the (a-Mg + /) two-phase field, the replacement of the quasi-crystalline phase by the equilibrium / phase is not surprising at all. The icosahedral phase has a composition closer to that of the / phase than to the T phase, and the / unit cell has icosahedral clusters. [105, 106] The transformation from a metastable icosahedral phase to a nonapproximant crystalline phase has been observed in a Mg 65 Zn 25 Y 10 intermetallic alloy. [113] The aging curves of Mg-8Zn, Mg-8Zn-4Al, and Mg8Zn-8Al (wt pct) alloys, which are solution treated for 4 hours at 598 K (325°C) (Mg-8Zn and Mg-8Zn-4Al) and 623 K (350°C) (Mg-8Zn-8Al), water quenched, and aged at 473 K and 423 K (200°C and 150°C), are provided in Figures 10(a) and (b). [114] The age-hardening response is significantly enhanced by ternary addition of 4 to 8 wt pct Al to the Mg-8Zn alloy. The maximum hardness values achieved in the Mg-8Zn-8Al alloy are considerably higher than those obtained in Mg-6 wt pct Zn-3 wt pct Cu (ZC63), Mg-8 wt pct Zn-1 wt pct Co (ZO81) (Figure 6(a) ), and Mg-8 wt pct Zn-1.5 wt pct RE [56] alloys. The quaternary addition of 0.5 wt pct Ca to Mg-8 wt pct Zn-4 wt pct Al alloy does not lead to any enhancement in age-hardening response (Figure 10(c) ), and an increase in the Ca content from 0.5 wt pct to 1.0 wt pct causes a reduced age-hardening response (Figures 10(c) and (d) ), even though the Ca addition retards the overaging of the alloys. [115] The effects of preaging on the age-hardening response of a Mg-6Zn-3Al-1Mn (wt pct) alloy were studied by Oh-ishi et al. [116] Their alloy was aged initially at 343 K (70°C) for 48 hours and followed by subsequent aging at 423 K (150°C). It was found that the preaging enhances the age-hardening response at 423 K (150°C) and that the double-aged microstructure contains a finer distribution of precipitates. The sheet of this alloy, produced by twin-roll casting and hot rolling, exhibits a tensile yield strength of 319 MPa (Table II) after it is preaged at 343 K (70°C) for 24 hours and then aged at 423 K (150°C) for 24 hours. [117] In a separate study of a Mg-2.4 at. pct Zn-2 at. pct Al (Mg-6.2 wt pct Zn-2.1 wt pct Al) alloy, it was reported [84] that the combined addition of 0.1 at. pct Ag and 0.1 at. pct Ca to this alloy could lead to a significant enhancement of the aging response at 433 K (160°C) and that the maximum hardness achievable was raised by approximately 27 pct, from~75 VHN in the Mg-2.4Zn-2Al alloy to~95 VHN in the Mg-2.4Zn-2Al-0.1Ag-0.1Ca alloy. The maximum hardness value does not change when the Al content in the alloy is increased or decreased by 1 at. pct, and it remains unchanged even when the Al content is reduced to zero. These observations suggest that the age-hardening response of the Mg-Zn-Al-Ag-Ca alloys is similar to that of the Mg-ZnAg-Ca alloys that is shown in Figure 7(a) .
Whereas the Mg-Zn-Al alloys exhibit a substantial age-hardening response during isothermal aging in the temperature range 373 K to 473 K (100°C to 200°C), the solid-state precipitates formed in these alloys have not been characterized in detail. Figure 11 shows microstructure typical of a Mg-8 wt pct Zn-8 wt pct Al alloy, homogenized and solution treated for 122 hours at 598 K (325°C), water quenched, and then aged for 120 hours at 473 K (200°C). The microstructure contains predominantly a dispersion of rhombic precipitates. These precipitates seem to distribute heterogeneously throughout the magnesium matrix phase, distributing along lines that are approximately parallel to h10 " 10i a directions when the microstructure is viewed in the [0001] a direction. Electron microdiffraction patterns obtained from such precipitates are indicative of a icosahedral structure with a quasi-lattice parameter of approximately 0.52 nm, instead of the T phase that has been reported for most solid-state precipitates formed in a high-pressure die cast Mg-8 wt pct Zn-5 wt pct Al alloy. [118] Currently, there is a lack of convergent beam electron diffraction patterns to establish unambiguously whether these precipitates have a perfect icosahedral symmetry or are a crystalline approximant with a very large unit cell parameter, but atomic-resolution transmission electron microscopy does not reveal any periodic crystal structure or nanoscale twins existing within such particles.
The orientation relationship between the rhombic precipitates and the matrix phase is that 8=13; 5=8;
The facets of the rhombic precipitate are not parallel, or close to parallel, to any of the close-packed planes of the two phases ( Figure 11(d) ). However, it was found [119] that the two rhombic interfaces are exactly parallel to the moire´planes defined by the intersection of 3=5; 8=13; " 5= " 8 À Á precipitate-matrix interfaces, whereas that the " 1 " 0= " 6; 0=0; 0=0 À Á i and 01 " 10 À Á a planes are also fully coherent within another precipitate-matrix interface. Note that 3=5; 8=13; " 5= " 8 À Á i and " 1 " 0= " 6; 0=0; 0=0 À Á i are the closest-packed planes in the icosahedral phase, and 01 " 10 È É a is a near closest-packed plane in the matrix phase. Some of the icosahedral particles also have a truncated rectangular or square shape when viewed in the 0001 ½ a orientation, and these icosahedral particles have another orientation relationship with the matrix phase: 8=13; 5=8; " 3= " 5
Inspection of images of the icosahedral particles projected along the 0001 ½ a direction also reveal that some of them contain a high density of planar defects or polycrystalline aggregates. But the crystallography of such defects is unclear.
The microstructure of Mg-8 wt pct Zn-8 wt pct Al alloy samples aged for 120 hours at 473 K (200°C) also has a small fraction of relatively coarse, lath-shaped / precipitates that have the following orientation relationship with the matrix:
The broad surface of these / laths is parallel to (0001) a . In addition to the precipitates of the equilibrium / phase, some precipitates of the equilibrium phase b-Mg 17 Al 12 are also found in samples aged for 120 hours at 473 K (200°C). The orientation relationship and morphology of these b precipitates are similar to those observed in Mg-Al binary alloys. Although there is no doubt that the precipitation sequence in the Mg-8 wt pct Zn-8 wt pct Al alloys and alloys of similar compositions involves the formation of metastable icosahedral phase and the equilibrium / and b phase (Table I) , the actual precipitation sequence in such alloys is more complex and, therefore, requires detailed characterization using advanced imaging and diffraction techniques in the future. For example, some relatively coarse particles that have a point group perfectly consistent with that of the T phase (space group I3m, a = 1.42 nm) are occasionally observed in the sample aged for 120 hours at 473 K (200°C). The orientation relationship between these cubic precipitates and the matrix phase is such that 002 ð
The T phase precipitates were also reported to form during isothermal aging at 443 K (170°C) of high-pressure die cast Mg-8 wt pct Zn-4.8 wt pct Al-0.3 wt pct Mn (designated ZA85). [118] Whereas the T phase is an equilibrium phase in the ternary Mg-Zn-Al phase diagram, it is difficult to assess whether this phase is an equilibrium phase in the Mg-8 wt pct Zn-8 wt pct Al ternary alloy because three equilibrium phases, a-Mg, /, and b-Mg 17 Al 12 , have already been detected in this alloy.
In Mg-6.2Zn-2.1Al (wt pct) alloy and those of similar compositions, it has been reported that the precipitation sequence is similar to that in Mg-Zn binary alloys. [84] However, it was reported [116] in a separate study that the addition of 3 wt pct Al to a Mg-6 wt pct Zn-1 wt pct Mn alloy leads to a change in precipitate morphology. The basal plates formed in the Al-free alloy are replaced by cuboidal precipitates in the Al-containing alloy. In addition, spherical G.P. zones enriched in Zn also reportedly form in the Al-containing alloy after the alloy is aged at 343 K (70°C). These G.P. zones reportedly act as heterogeneous nucleation sites for the metastable phases that precipitate during subsequent aging at 423 K (150°C), resulting in a finer distribution of precipitates.
D. Mg-Ca-Based Alloys
The Mg-Ca system has some potential for developing precipitation-hardenable alloys. The equilibrium solid solubility of Ca in magnesium is 0.82 at. pct (1.35 wt pct) at the eutectic temperature of 789.5 K (516.5°C), and it is approximately zero at 473 K (200°C). [14] The equilibrium intermetallic phase at the Mg-rich end of the Mg-Ca phase diagram is Mg 2 Ca that has a crystal structure (space group P6 3 /mmc, a = 0.623 nm, c = 1.012 nm) similar to that of the magnesium matrix phase (P6 3 /mmc, a = 0.321 nm, c = 0.521 nm). [13] This similarity in crystal structure may result in a higher nucleation rate and, hence, a higher number density of precipitates in Mg-Ca alloys. Assuming that the precipitates formed during isothermal aging at 473 K (200°C) have a Mg 2 Ca composition, the maximum volume fraction of precipitates achievable at 473 K (200°C) is calculated to be approximately 2.2 pct for a Mg-1 wt pct Ca alloy, which is adequate to yield required strength. An example is the conventional precipitation-hardenable Al-0.6 wt pct Si-1.0 wt pct Mg (6061) wrought alloy. The volume fraction of solid-state precipitates is approximately 2 pct in this alloy. However, a tensile yield strength of 275 MPa is achieved in the T6 condition. [8] Because Ca has a low density (1.55 g/cm 3 ), Mg-Ca alloys have the added advantage of preserving the low density of magnesium, and the addition of Ca can also reduce the flammability of molten magnesium and improve the oxidation and corrosion resistance of magnesium.
[1] Therefore, efforts have been made in the past 15 years to develop precipitation-hardenable alloys based on the Mg-Ca system. [76, [120] [121] [122] [123] [124] A study made by Nie and Muddle [120] indicates that the Mg-1 wt pct Ca alloy exhibits only a moderate agehardening response during isothermal aging at 473 K (200°C). However, they noticed that the addition of 1 wt pct of Zn to the binary alloy led to a substantial increase in peak hardness and an accelerated rate of aging. A subsequent study [121] indicates that the quaternary addition of 1 wt pct Nd to the Mg-1Ca-1Zn-0.6Zr (wt pct) alloy can lead to a subsequent increase in the maximum hardness and strength ( Figure 12(a) ). The resultant Mg-1Ca-1Zn-1Nd-0.6Zr (wt pct) alloy exhibits a tensile yield strength of 153 MPa at room temperature (Table II) and 135 MPa at 423 K (150°C). [121] A comparison of the microstructures of these alloys indicates that the significant increase in maximum hardness and strength is associated with a refined distribution and improved thermal stability of basal precipitate plates ( Figure 12(b) ). The crystallographic features of these basal plates and their electron diffraction patterns resemble closely those formed in Mg-Nd/ Ce-Zn alloys. However, it remains to be unambiguously established whether the precipitates in the Mg-Ca-Zn and Mg-Nd/Ce-Zn alloys are structurally identical to each other. An improved understanding on this aspect can facilitate the optimization of alloy composition for improved thermal stability and creep resistance.
In the as-cast microstructure of the Mg-1Ca-1Zn (wt pct) alloy, the primary intermetallic phase has a composition of Mg 69.4 Ca 27 Zn 3.6 and a hexagonal crystal structure (point group 6/mmm, a~0.61 nm, c~1.02 nm) that seems isomorphous with Mg 2 Ca. Two types of solidstate precipitate phases are observed in the as-cast microstructure: a hexagonal phase with a = 0.623 nm, c = 1.012 nm, and a hexagonal phase with a = 0.556 nm, c = 1.042 nm. [120] Both precipitate phases form as thin plates on (0001) a , and they have identical orientation relationships with respect to the matrix phase:
However, the latter hexagonal phase, i.e., the one with a = 0.556 nm, c = 1.042 nm, has a much more uniform distribution than the former hexagonal phase. It was argued [120] that for the observed orientation relationships between precipitate and matrix phases, a lattice parameter of a = 0.556 nm permits a perfect lattice matching between precipitate and matrix phases in the habit plane, and this improved lattice matching gives rise to a higher nucleation rate and consequently an enhanced age-hardening response in the Mg-Ca-Zn alloy. It was suggested [120] also that an incorporation of Zn atoms into the Mg 2 Ca unit cell can change the lattice parameters and, therefore, reduce the lattice misfit between the precipitate and magnesium matrix phases within the (0001) a habit plane.
A subsequent study of microstructures of a Mg-0.3 at. pct Ca-0.3 at. pct Zn alloy aged for different times at 473 K (200°C) [124] indicate the following precipitation sequence: monolayers of G.P. zones on (0001) a , larger (0001) a plates of an unidentified phase, and rectangular Mg 2 Ca(Zn) phase. Each G.P. zone was reported to contain approximately 18 at. pct Ca and 8 at. pct Zn. Two orientation relationships were reported for the Mg 2 (Ca,Zn) phase:
, and 0001
In a separate but more recent study of precipitation-and age-hardening response at 473 K (200°C) of Mg-0.3 at. pct Ca-Zn alloys, [76] it was reported that the maximum age-hardening response is obtained when the Zn content is 0.6 at. pct. Any increase or decrease in the Zn content in the alloy diminishes the age-hardening response. In this recent study, [76] HAADF-STEM was employed to characterize the precipitates in the Mg-0.3 at. pct Ca-0.6 at. pct Zn alloy aged for different times at 473 K (200°C). [76] It was found that monolayer G.P. zones ( Figure 12 (c)) were responsible for the age hardening and that these G.P. zones had an ordered structure that is identical to that in Mg-RE-Zn alloys. [125] The total atomic concentration of Ca and Zn atoms in each ordered G.P. zone is~33 pct. These ordered G.P. zones are thermally stable and still dominate the microstructure after overaging (16 hours) at 473 K (200°C).
An increase in the Zn content from 0.6 at. pct to 1.6 at. pct in the Mg-0.3 at. pct Ca alloy leads to a change in the precipitation sequence. It was reported [76] that the precipitation reaction in the Mg-0. . The orientation relationship between the Mg 6 Ca 2 Zn 3 phase and the magnesium matrix is such that 0001
. The Mg 6 Ca 2 Zn 3 phase was originally reported to form as cuboidal particles in melt-spun ribbons of a Mg-6 wt pct Zn-1.5 wt pct Ca alloy. [126] These cuboidal precipitates reportedly adopt two orientation relationships:
. [127] Although it has been demonstrated that additions of Zn and Nd can enhance the age-hardening response of Mg-Ca alloys, the effects of other alloying elements have received little attention. As discussed in the Section II-A, the high-pressure die-cast Mg-Al-Ca-Sr (AXJ530) alloy exhibits some age hardening when they are aged at 448 K to 523 K (175°C to 250°C), [44] and this age hardening is associated with the formation of (0001) a precipitate plates of Al 2 Ca phase (space group Fd3m, a = 0.802 nm). The total concentration of ternary and quaternary alloying elements such as Ca and Sr in this AXJ530 alloy is high for the purpose of castability and creep resistance, whereas the potential of developing dilute precipitation-hardenable alloys based on the Mg-Al-Ca system was not explored. In a very recent study, [123] it was demonstrated that the ternary addition of an appropriate amount of Al (0.3 wt pct) to a Mg-0.5 wt pct Ca alloy can remarkably enhance the age-hardening response at 473 K (200°C) ( Figure 13 (a)). The maximum age-hardening response achievable at the aging temperature is reduced if the Al content in the Mg-Ca-Al alloy is higher or lower than 0.3 wt pct. The peak-aged microstructure contains a dense distribution of nanoscale precipitate plates on (0001) a . Based on the monolayer thickness of these precipitate plates, the enrichment of Ca in these particles and the selected-area electron diffraction patterns recorded matrix regions containing such precipitates. These precipitate plates are inferred [123] to be ordered G.P. zones such as those observed in the Mg-Ca-Zn and Mg-RE-Zn alloys. The concentrations of Ca and Al atoms in the G.P. zone, measured from 3DAP, are approximately 6 at. pct and 7 at. pct, respectively.
The ordered G.P. zones are gradually replaced by (0001) a plates of the equilibrium phase Al 2 Ca with continued aging at 473 K (200°C). The formation of the relatively larger basal plates of the Al 2 Ca phase ( Figure 11(b) ) was reported to cause the overaging of the alloy. The orientation relationship between the Al 2 Ca plates and the magnesium matrix phase is such that (111) 
, which is identical to that associated with the Al 2 Ca plates formed in AXJ530 alloy. [43] The occurrence of the age-hardening phenomenon in the Mg-Ca-Al system offers the potential for developing a precipitation-hardenable wrought alloy. [123] In 2011, an unusual Mg-3.5Al-3.3Ca-0.4Mn (wt pct) extrusion alloy was developed. In the as-extruded condition, this alloy exhibits a tensile yield strength of 410 MPa, together with an elongation to fracture of 5.6 pct [128] ( Table II) . Among the RE-free magnesium alloys, the strength level achieved in this alloy is exceptionally impressive, and this is attributed to the formation of plate-shaped and spherical-shaped precipitates, basal texture, and refined grain size of magnesium. The identities of the two types of precipitates were not verified, but they were assumed [128] to be identical to those formed in Mg-0.5Ca-0.3Al (wt pct) [123] and Mg-6Al-3.2Ca-0.5Mn (wt pct) [129] alloys.
E. Mg-Sn-Based Alloys
Mg-Sn-based alloys have received some attention in recent years for developing casting and wrought alloy products. [77, [130] [131] [132] The Mg-Sn binary system itself is ideal for developing precipitation-hardenable alloys. [133] The maximum equilibrium solid solubility of Sn in a-Mg is approximately 3.35 at. pct (or 14.5 wt pct) at the eutectic temperature 834 K (561°C), and it decreases to approximately 0.1 at. pct at 473 K (200°C). [14] The equilibrium volume fraction of precipitates obtainable at 473 K (200°C) is approximately 4.7 pct for a Mg-7 wt pct Sn alloy. The equilibrium intermetallic phase in the Mg-Sn binary alloys is b-Mg 2 Sn (space group Fm3m, a = 0.68 nm). It is rather unfortunate that during isothermal aging treatments in the temperature range of 433 K to 573 K (160°C to 300°C), the precipitation process in the Mg-Sn binary alloys does not involve the formation of any metastable precipitate phases. The precipitates formed during the aging process are generally much coarser than the precipitates in other precipitation-hardenable magnesium alloys. Therefore, attempts have been made in recent years [77, [134] [135] [136] to refine the distribution of precipitates in Mg-Sn alloys by microalloying additions. As shown in Figures 14(a) and (b), [77, 134] ternary additions of Zn to Mg-Sn alloys can remarkably improve the age-hardening response, and subsequent microalloying additions of Cu, Na, Ag, and Ca, and macroalloying additions of Al, to the resultant ternary Mg-Sn-Zn alloys can lead to an even greater age-hardening response. A comparison of microstructures indicates that the Zn additions can increase the precipitate number density, even thorough the refined precipitates are still the b phase, and that quaternary additions of Na can lead to a much finer distribution of b phase (Figures 14(c) through (e) ). [134, 136] Although the microalloying elements such as Zn and Na can apparently enhance the nucleation rates and, thus, the number density of b precipitates, as well as change the morphology of the precipitates, it remains to be established whether atoms of such microalloying elements segregate into the precipitate or the precipitate-matrix interface. It is unclear how microalloying elements can enhance the precipitate nucleation rate and change the precipitate morphology, and whether the precipitate morphology change is associated with any change in orientation relationship. Additional work is needed to gain an in-depth understanding of such fundamental issues.
Based on X-ray diffraction and crystallographic analysis in an early study, Derge et al. [137] reported that three orientation relationships (OR) exist between b and magnesium phases, namely
Twenty-five years later, these three orientation relationships were confirmed by Henes and Gerold [138] in their X-ray diffraction observations. They also reported an additional orientation relationship: [77] and [134] respectively, (c) and (d) are from Ref. [136] , and (e) are from Ref. [134] .
and that these four orientation relationships were associated with b precipitates that were generated during aging at 433 K to 573 K (160°C to 300°C). In these early studies, it was not mentioned which one of the four orientation relationships is most popular and what the precise precipitate morphology is for each of the four orientation relationships. An examination of the orientation relationships reported in recent years [132, 134, 135, [139] [140] [141] indicates that even now, this information still remains unclear. Although the most commonly reported orientation relationship in recent years seems to be OR-1, a variety of morphologies has been reported for this OR-1, including the following:
(a) Long laths, which were formed with the broad surface parallel to (0001) a and the long axis parallel to 2 " 1 " 10 a , in a Mg-1.9 at. pct Sn alloy aged for 240 hours at 473 K (200°C). [135] (b) Short laths, which were formed with the broad surface parallel to (0001) a and the long axis parallel to 2 " 1 " 10 a , in Mg-1.3Sn-1.2Zn (at. pct) alloy aged for 211 hours at 473 K (200°C) [134] and aged samples of Mg-2.2Sn-0.5Zn (at. pct) alloy. [136] (c) Short [0001] a laths in Mg-1.3Sn-1.2Zn (at. pct) alloy aged 211 hours at 473 K (200°C). [134] (d) Short rods in Mg-7.8Sn-2.7Al-0.7Si-0.7Zn-0.2Mn (wt pct) alloy produced by die casting. [132] (e) Polygons in Mg-1.3Sn-1.2Zn-0.12Na (at. pct) alloy aged 6.7 hours at 473 K (200°C), [134] Mg-2.2Sn-0.5Zn (at. pct) alloy peak aged at 473 K (200°C), [139] and Mg-5.3Sn-0.3Mn-0.2Si (wt pct) alloy aged for 10 hours at 523 K (250°C). [140] In contrast, the long laths, which were formed on (0001) a and elongated along 2 " 1 " 10 a in Mg-5.3Sn-0.3Mn-0.2Si (wt pct) alloy aged for 10 hours at 523 K (250°C), [140] and the short laths, formed on (0001) a in Mg-2.1Sn-1Zn-0.1Mn (at. pct) alloy peak-aged at 473 K (200°C), [142] have also been reported to have the OR-4. The polygons in Mg-2.2Sn-0.5Zn (at. pct) alloy peak aged at 473 K (200°C), [139] the aged samples of Mg-2.2Sn-0.5Zn (at. pct) alloy [136] and the short laths formed with broad surface parallel to the pyramidal plane of the matrix phase in Mg-1.3Sn-1.2Zn (at. pct) alloy aged for 211 hours at 473 K (200°C) [135] have been reported to have the OR-3. Furthermore, Zhang et al. [140] reported that the (0001) a plates in their alloy adopt the following orientation relationship:
The OR-5 can be related to the OR-1 by a rotation of 9 deg about the 111 ½ b == 0001 ½ a axis. However, Sasaki et al. [139] reported that the basal plates in their alloy have the OR-2. Two other different orientation relationships have also been reported, namely:
The precipitate morphology is short lath elongated along 10 " 10 a for the OR-6 [140] and rod elongated in the pyramidal plane of the matrix phase. [136] It is currently unclear why several orientation relationships exist and what microstructural factor dictates the formation of these orientation relationships. It remains to be examined whether the appearance of different orientation relationships and morphologies associated with these orientation relationships is caused by the variation of concentration of Sn atoms in the solid-solution matrix. Any local segregation of Sn atoms may cause a change in the lattice parameter and, in turn, can promote the formation of a particular orientation relationship.
F. Mg-Nd/Ce-Based Alloys
Mg-Nd and Mg-Ce binary alloys
The identity of the equilibrium intermetallic phase at the Mg-rich side of the Mg-Nd binary phase diagram has been controversial. The early version of the phase diagram [14] indicates that the equilibrium intermetallic phase is Mg 12 Nd that has a tetragonal structure (space group I4/mmm, a = 1.031 nm, c = 0.593 nm). However, more recent studies [143] [144] [145] indicate that the equilibrium intermetallic phase is Mg 41 Nd 5 (space group I4/m, a = 1.474 nm, c = 1.040 nm) instead of Mg 12 Nd ( Figure 15 ). The maximum solid solubility of Nd in magnesium varies significantly in the literature, ranging from 0.10 at. pct (0.59 wt pct) at 821 K (548°C) to 0.63 at. pct (3.62 wt pct) at 825 K (552°C). [14, 146] A recent study using atom probe tomography [147] indicates that the equilibrium solid solubility of Nd in magnesium is approximately 0.32 at. pct (1.87 wt pct) at 793 K (520°C), and 0.11 at. pct (0.65 wt pct) at 673 K (400°C). The equilibrium solid solubility of Nd decreases with temperature, down to nearly zero at 473 K (200°C), implying a potential for precipitation hardening. The aging curve of a Mg-3 wt pct Nd alloy at 473 K (200°C) is shown in Figure 16 (a). [148] The decomposition of supersaturated solid solution of magnesium in the temperature range of 333 K to 623 K (60°C to 350°C) is currently accepted as involving the formation of G.P. zones, b¢¢, b¢, and b phases. [5, 8, 149, 150] Whereas the G.P. zones have been reported to form as (1) needles along the [0001] a direction [149] in a Mg-2.9 wt pct Nd (Mg-0.5 at. pct Nd) alloy or as (2) platelets on 10 " 10 È É a in a Mg-2.5 wt pct Di (80 pct Nd-20 pct Pr)-0.6 wt pct Zr alloy, [151] there was a lack of direct experimental evidence, or transmission electron microscopy images, to support the formation of such G.P. zones in these alloys at the early stage of aging. It was not clear whether G.P. zones did form in the Mg-Nd binary alloys and, if so, what morphology they might adopt.
In a very recent study, using HAADF-STEM, of precipitate phases formed in Mg-0.5 at. pct Nd samples aged at 443 K (170°C), [152] some peculiar zigzag arrays of Nd atoms aligned approximately along 2 " 1 " 10 a are observed and regarded as G.P. zones. Each zigzag array comprises several V-shaped, or N-shaped, units that are separated by an almost regular spacing. Each V-shaped and N-shaped unit is made of three and four columns of Nd atoms, respectively. The separation distance between two neighboring columns of Nd atoms within each unit is invariably~0.37 nm, and the plane defined by the two neighboring columns of Nd atoms is invariably parallel to 10 " 10 È É a . Some hexagonal rings, defined by six columns of Nd atoms, are also observed in this latest work. [152] The separation distance between two neighboring columns of Nd atoms within the hexagonal ring is again approximately 0.37 nm, and the prism plane of the hexagonal ring is parallel to 10 " 10 È É a . Each hexagonal ring can be regarded as being constructed by linking three variants of the V-shaped unit mentioned in the preceding paragraph. This arrangement of Nd atoms resembles that in the D0 19 structure (space group P6 3 / mmc, a = 0.641 nm, c = 0.521 nm, Mg 3 Nd composition), [151] even though Saito and Hiraga did not mention it. Moreover, the area defined by the hexagonal ring is precisely that of the basal plane of the D0 19 unit cell (Figure 16(b) ). The b¢¢ phase was originally reported to have a D0 19 structure and an orientation relationship that is in the form (0001) b¢¢ == (0001) a and
Therefore, these hexagonal rings may be regarded as the metastable b¢¢ phase. The latest experimental observations made by HAADF-STEM indicate clearly that the b¢¢ precipitates are not 2 " 1 " 10 È É a plates. . [153] (e) Transmission electron micrograph showing the distribution of precipitates in Mg-3 wt pct Nd-1.35 wt pct Zn, aged for 52 g at 473 K (200°C) (reproduced from Ref. [148] ).
The HAADF-STEM work of Saito and Hiraga [152] also revealed the existence of a precipitate phase that has never been reported for the binary Mg-Nd alloys. This phase, designated b¢, has an orthorhombic structure (a = 0.64 nm, b = 1.14 nm, c = 0.52 nm), a Mg 7 Nd composition, and a lenticular morphology. Although it is not mentioned by the authors, the following orientation relationship can be deduced from Figure 7 in their work [152] : (100) The b¢ phase mentioned in previous studies was reported to form as plates on . Pike and Noble [149] suggested that the b¢ phase had a hexagonal structure (a = 0.52 nm, c = 1.30 nm) and the following orientation relationship with respect to the matrix phases:
In contrast, Karimzadeh [150] and Gradwell [151] indicated that b¢ had a face-centered cubic structure (a = 0.735 nm) and a composition close to Mg 20 Nd 17 . Karimzadeh [150] also suggested that the orientation relationship between b¢ and the matrix was such that " 112
The structure, orientation relationship, and morphology proposed by Karimzadeh [150] and Gradwell [151] are essentially the same as those of b 1 phase (space group Fm " 3m, a = 0.74 nm) in Mg-Gd, Mg-Gd-Y, and WE54 alloys. To avoid any confusion and to be consistent with those symbols used for similar structures, it is appropriate to use b 1 to replace b¢ used in the previous studies. The b 1 precipitates often form heterogeneously on preexisting dislocations, leading to a nonuniform distribution of these precipitates (Figure 16(c) ). [153] The b phase, which was originally regarded as the equilibrium phase but is in fact a metastable phase, has a body-centered tetragonal structure (a = 1.031 nm, c = 0.593 nm) and a composition of Mg 12 Nd. [8, 149] It forms as rods with their long axis parallel to [0001]a. The cross section of the b rods has a hexagonal shape, with the prism facets parallel to 10 " 10 È É a . The orientation relationship between b and the matrix was reported [154] to be the following:
Based on the preceding discussion of individual precipitate phases and the fact that the equilibrium precipitate phase is Mg 41 Nd 5 , instead of Mg 12 Nd, the part of the whole precipitation sequence in Mg-Nd binary alloys is provided in Table I . To preserve the symbols commonly used in the literature for similar structures and to avoid any confusion, in this newly proposed sequence the b¢ phase represents the newly reported orthorhombic phase, b 1 phase represents the b¢ phase reported in the previous studies, and b e is used as the final precipitate phase, i.e., Mg 41 Nd 5 . It is to be noted that the whole precipitation sequence is far from well established; the early stage precipitation still remains to be unambiguously established, and even the later stage of the precipitation requires more characterization and analysis. For example, the gray contrast regions connecting b 1 precipitates or segments shown in Figure 16 (d) [153] cannot be attributable to any of the precipitate phases known in the Mg-Nd system. The temperature-time-transformation diagrams for various precipitate phases formed in the Mg-0.5 at. pct Nd alloy were studied and reported by Pike and Noble. [149] Because the identities of the precipitate phases were not unambiguously established in that work, some caution should be taken if such temperature-timetransformation diagrams are to be used. The age-hardening response and precipitation sequence of Mg-Ce binary and Mg-MM (MM represents Ce-or Nd-rich misch-metal) alloys were also studied in the past. [154, 155] Because the equilibrium solid solubility of Ce in magnesium is lower than that of Nd, a lower age-hardening response is expected for the Mg-Ce and Mg-MM alloys. Wei et al. [154] and Hisa et al. [155] investigated the precipitation sequence of Mg-1.3 wt pct MM (Ce-rich MM) and Mg-1.3 wt pct Ce alloys. The identities and formation mechanisms of the intermediate precipitate phases are controversial in these two studies. Nevertheless, the precipitation in the MgCe and Mg-MM alloys is expected to be similar to that in the Mg-Nd alloys.
Mg-Nd-Zn and Mg-Ce-Zn alloys
The intermetallic particles formed in the as-cast microstructures of the Mg-3Nd-0.5Zn and Mg-3Nd-1.35Zn (wt pct) alloys are similar to those in the Mg-Nd binary alloys. They have the tetragonal structure of the Mg 12 Nd phase, even though they contain some Zn. The intermetallic particles in the interdendritic regions of a sand cast Mg-2.5 wt pct RE-0.5 wt pct Zn alloy, designated MEZ, have a Mg 12 (La 0.43 Ce 0.57 ) composition and a high density of unidentified planar defects. [156] These intermetallic particles are more difficult to dissolve into the solid-solution matrix phase during the solution treatment, and the volume fraction of the retained such particles increases with the Zn content in the alloy. The addition of Zn seems to led to a reduction in eutectic temperature and, therefore, the use of a lower temperature for solution treatment. For example, localized melting in grain boundaries was noted after the Mg3Nd-1.35Zn alloy was solution treated for 24 hours at 803 K (530°C), [157] and therefore, 783 K (510°C) was used for the solution treatment. Whereas the retain intermetallic particles in the Mg-3Nd-1.35Zn alloy still have the structure of the Mg 12 Nd phase after 24 hours solution treatment at 783 K (510°C), they gradually decompose and are replaced by the c phase (facecentered cubic, a = 0.72 nm) after prolonged heat treatments at 473 K and 598 K (200°C and 325°C). [157] The structure of this c phase is similar to that of the Mg 3 Nd phase, except the lattice parameter is a little smaller. The structures of the equilibrium intermetallic phases at the Mg-rich side of the Mg-Nd-Zn or Mg-CeZn ternary phase diagram have so far not been unambiguously established. [158] [159] [160] [161] Therefore, it is difficult to know whether the Mg 3 Nd is an equilibrium phase at the Mg-rich side of the Mg-Nd-Zn alloys and, if so, whether c is the Mg 3 Nd phase.
Ternary additions of Zn to Mg-Nd or Mg-Ce alloys do not lead to any appreciable change in the agehardening response (Figures 16(a) and 17(a) ), but they lead to a significant improvement in creep resistance. [157] The age-hardening response of the Mg-Nd-Zn alloys is greater than that of the Mg-Ce-Zn alloys because of a higher saturation of solutes in the as-quenched condition and a higher volume fraction of precipitates after aging. As shown in Table II , the tensile yield strength of a Mg-Nd-Zn based alloy, designated NEZ, is much higher than that of a Mg-Ce-Zn based alloy designated MEZ. Quaternary additions of Gd to the resultant MgNd-Zn alloys can result in improvement in the agehardening response, [162] and this discovery leads to the development of a commercial alloy designated EV31, which is also known as Elektron 21. The EV31 alloy is age hardenable, and it possesses adequate strength (Table II) 
The precipitation sequence in a Mg-2.8 wt pct Nd-1.3 wt pct Zn alloy was reported to include a lowtemperature reaction and the formation of c¢¢ and c phases in an early study. [163] The low-temperature reaction was noted during isothermal resistivity measurements at temperatures between 323 K and 423 K (50°C and 150°C). The nature of this low-temperature reaction was not fully characterized in that study, and it was speculated [163] that it was related to the formation of G.P. zones. In 2003, Ping et al. [125] reported the first 3DAP result on magnesium alloys. In their study, the transmission electron microscopy and 3DAP were combined to characterize the structure, morphology, and composition of nanoscale precipitates formed in a Mg-2.4RE-0.4Zn-0.6Zr (wt pct, where 2.4 wt pct RE includes 1.3 wt pct Ce, 0.6 wt pct La, 0.4 wt pct Nd, and 0.1 wt pct Pr) casting alloy, solution treated for 16 hours at 798 K (525°C), cold-water quenched, and then aged for 48 hours at 473 K (200°C). Hitherto unreported ordered G.P. zones, which form as (0001) a disks of a single atomic plane thickness, were observed in this alloy. The RE/Zn atoms have an ordered hexagonal distribution within individual G.P. zone planes, with a = 0.556 nm. The orientation relationship between the two-dimensionally ordered G.P. zones and a-Mg matrix phase is that 10 " 10 Â Ã
The 3DAP results indicate that the G.P. zones contain approximately 3.2 at. pct Nd, 1.0 at. pct Ce, and 1.2 at. pct Zn (Figure 17(b) ). The presence of both RE and Zn atoms in the G.P. zones is to reduce the elastic strain associated with individual atoms of RE and Zn because RE atoms are larger than Mg whereas Zn atoms are smaller than Mg.
In the study made by Nuttall et al., [163] the c¢¢ phase was reported to have a hexagonal structure (a = 0.556 nm, c = 1.563 nm), and it formed as plates on the basal plane of a-Mg. The orientation relationship between c¢¢ and the matrix phase was reported to be such that (0001) c¢¢ == (0001) a , 2 " 1 " 10 Â Ã c 00 == 10 " 10
. In more recent studies [125, 148] (Figure 16(e) ). They are similar to the c¢¢ phase but were designated c¢. [125] In contrary to the early work of Nuttall et al., [163] the basal plates of c¢¢ were proposed to have a hexagonal structure (a = 0.556 nm, c = 0.521 nm) in these recent studies. This structure is similar to the Mg 5 (Ce,Zn) phase (space group P " 62m, a = 0.571 nm, c = 0.521 nm). [164] The precipitates formed in aged samples of a Mg-2.5RE-0.5Zn (wt pct) alloy (MEZ) (Figures 17(c) and (d) ) are similar to those in the Mg-Nd-Zn alloys. [156] The equilibrium phase c was reported [163] to have a face-centered cubic structure (a = 0.72 nm) and an orientation relationship (011) c == (0001) a and
; and to form as rods with their long axes parallel to 10 " 10 a and 2 " 1 " 10 a directions. A more recent study [157] confirmed the structure and orientation relationship proposed in the early study, but the morphology of the c phase was proposed to be plate. The habit plane of the c plate varies from plate to plate and is, therefore, irrational, but it is always parallel to the moire´plane defined by the intersection of {220} c and 10 " 10 È É a planes, implying a coherent matching of these two sets of lattice planes within the habit plane. Note that the structure and the orientation relationship of the c phase are similar to those of the b 1 phase in the Zn-free alloys, i.e., Mg-Nd binary alloys. The incorporation of Zn into the precipitates leads to the reduction in the lattice parameter from~0.74 nm to~0.72 nm, and the reduction in the lattice parameter leads to a change of the orientation of the precipitate plates to preserve the matching between the precipitate and matrix lattices.
Mg-Nd-Ag alloys
The ternary phase diagram of the Mg-Nd-Ag system is rather incomplete, [165] and therefore, the equilibrium solid solubility of Ag in Mg and the equilibrium intermetallic phases in the Mg-rich end of the Mg-NdAg system are both unclear. According to the Mg-Ag binary phase diagram, the maximum equilibrium solid solubility of Ag in Mg is~15 wt pct at the eutectic temperature of 745 K (472°C), and it falls to approximately 2 wt pct at room temperature. The intermetallic phase at the Mg-rich side of the phase diagram is Mg 3 Ag (space group P6 3 /mmc, a = 0.488 nm, c = 0.779 nm). More than 50 years ago, Payne and Bailey [166] found that the relatively low tensile strength of Mg-Nd alloys could be considerably increased by Ag additions. This discovery subsequently led to the development of a commercial alloy designated QE22, Mg2Nd-2.5Ag-0.7Zr (wt pct). The alloy QE22 is age hardenable, and its aging curves at 423 K to 573 K (150°C to 300°C) are shown in Figure 18 . [167] Within the temperature and time selected, a maximum hardness value of~85 VHN is obtainable when the alloy is aged at 423 K (150°C). After the peak hardness is obtained at each temperature, the prolonged aging leads to only a slight reduction in hardness.
In the temperature range 473 K to 573 K (200°C to 300°C), the decomposition of the supersaturated solidsolution phase of a-Mg in QE22 alloy was reported [5, 151] to occur via two independent precipitation sequences. One sequence involves the formation of G.P. zones, in the form of [0001] a rods, metastable c phase that also forms as [0001] a rods, and the equilibrium phase (Mg 12 Nd 2 Ag) that has a lath morphology and a yet to be determined hexagonal structure. The other sequence has the formation of G.P. zones of an ellipsoid shape, the metastable b phase of an equiaxed morphology, and the equilibrium phase Mg 12 Nd 2 Ag. Gradwell [151] proposed that both types of G.P. zones formed simultaneously during aging at temperatures up to 523 K (250°C). Without providing the transformation mechanisms, he further proposed that the rod-like G.P. zones transformed into the rod-shaped c phase, whereas that the ellipsoidal G.P. zones transformed into the equiaxed b phase.
The metastable c phase reportedly has a hexagonal structure (a = 0.963 nm, c = 1.024 nm), but the orientation relationship between c and the magnesium matrix phase has not been reported. The metastable b phase also has a hexagonal structure (a = 0.556 nm, c = 0.521 nm), and its orientation relationship with a-Mg phase is such that (0001) b == (0001) a and 10 " 10
The equilibrium phase Mg 12 Nd 2 Ag was originally reported to have a complex hexagonal structure. [5, 151] But in two separate studies of alloy QE22, [168, 169] this equilibrium phase was inferred, without any strong supportive evidence, to be (Mg,Ag) 12 Nd that has a tetragonal structure (a = 1.03 nm and c = 0.59 nm), i.e., isomorphous to that of Mg 12 Nd. To establish the structures of all precipitate phases unambiguously, including that of the equilibrium precipitate phase, in the alloy QE22, it seems necessary to employ modern facilities such as atomic-resolution HAADF-STEM and electron microdiffraction in any efforts to be made in the future studies.
Gradwell [151] studied the precipitation-hardening mechanism in QE22 by examining foils taken from specimens that had been strained 2 pct in tension after aging for various times at 473 K (200°C). He concluded that peak hardness coincided with the transition from precipitate cutting to Orowan looping and that [156] , and (b) is from Ref. [125] . maximum age hardening was associated with the presence of the c and b precipitates. The alloy QE22 in the peak-aged condition has superior tensile properties and creep resistance over many other magnesium alloys. QE22 in its peak-aged condition exhibits a 0.2 pct proof strength of 205 MPa at room temperature, 195 MPa at 373 K (100°C), and 165 MPa at 473 K (200°C) ( Table II) . The creep strength, the stress required to produce 0.2 pct creep strain in 500 hours, of this alloy is 135 MPa at 423 K (150°C) and 65 MPa at 473 K (200°C). [170] However, this alloy is relatively expensive and, thus, has limited applications only in the aircraft and aerospace industries.
G. Mg-Gd-Based and Mg-Y-Based Alloys
Mg-Gd binary alloys
The equilibrium solid solubility of Gd in magnesium is relatively high (4.53 at. pct or 23.49 wt pct) at the eutectic temperature of 821 K (548°C) and decreases exponentially with temperature to approximately 0.81 at. pct (5.0 wt pct) at 523 K (250°C) and to 0.61 at. pct (3.82 wt pct) at 473 K (200°C), [14] forming an ideal system for precipitation hardening. [171] However, binary Mg-Gd alloys containing less than 10 wt pct Gd show little or no precipitation-hardening response during isothermal or isochronal aging of supersaturated solid solutions of these alloys. [172, 173] It is often necessary to increase the Gd concentration to the range 10 to 20 wt pct to enhance the precipitationhardening response. [173] [174] [175] [176] The aging curve of a Mg15Gd-0.5Zr (wt pct) alloy is shown in Figure 19(a) . [177] The hardness value in the as-quenched condition is over 70 VHN, which is substantially higher than that of the magnesium alloys described in previous sections. This relatively high value of hardness is the result of solidsolution strengthening in a supersaturated magnesium matrix. It was demonstrated recently [176] that an appreciably high 0.2 pct proof strength of 445 MPa can be achieved in a Mg-14 wt pct Gd-0.5 wt pct Zr alloy when this alloy is produced by the combined processes of hot extrusion, cold work, and aging (Table II) .
The precipitates in Mg-Gd binary alloys containing more than 10 wt pct Gd were studied in recent years by conventional transmission electron microscopy [177] and HAADF-STEM. [178, 179] The precipitation sequence is now generally accepted [177] to involve the formation of b¢¢, b¢, b 1 , and b phases, which is similar to that originally proposed for Mg-Y-Nd based alloys. [180] The metastable b¢¢ phase has an ordered D0 19 Figure 19(b) ). [178] The metastable b¢ phase usually forms as lenticular particles with their broad surface parallel to 2 " 1 " 10 È É a ( Figure 19(c) ). [178] It has a base-centered orthorhombic Bravais lattice (a = 0.650 nm, b = 2.272 nm, and c = 0.521 nm) and an orientation relationship with respect to the matrix phases: (100) b¢ == 1 " 210 À Á a and Fig. 18 -Age-hardening response of Mg-2.1 wt pct Nd-2.5 wt pct Ag-0.7 wt pct Zr alloy (QE22) alloy at 373 K to 573 K (100°C to 300°C) [167] . [001] b¢ == [0001] a . Based on the analysis made from atomic-resolution HAADF-STEM images (Figure 20(a) ), [179] an atomic structure of the b¢ phase was proposed, (Figures 20(b) and (c) ). [179] The zigzag arrays of Gd atoms in the unit cell, indicated by dotted line, are consistent with those of bright dots in atomicresolution HAADF-STEM images. The composition of the b¢ phase inferred from this model is Mg 7 Gd. The b 1 phase [177] has a face-centered cubic structure that is isomorphous to that of the b 1 phase in WE54 alloy, [180] which has the Mg 3 Nd or Mg 3 Gd structure (space group Fm " 3m; a = 0.74 nm). The orientation relationship is such that " 112 À Á [181, 182] (Figure 21(a) ), even though the hardening kinetics are sluggish during the first 100 hours aging at 473 K (200°C).
The precipitate phases formed during isothermal aging of Mg-Y binary alloys were reported [5] to include b¢¢, b¢, and b. The b¢¢ phase has a base-centered orthorhombic lattice (a = 0.64 nm, b = 2.223 nm, and c = 0.521 nm) [150] and an orientation relationship (001) b¢¢ == (0001) a , [100] b¢¢ == " 2110 È É a . Because the structures of b¢ and b¢¢ phases were reported to be the same, [5] it is appropriate, at least currently, to merge the b¢¢ and b¢ phases into b¢ in the precipitation sequence. The morphology of the b¢ in a Mg-2 at. pct Y alloy (Figure 21(b) ) [183] is remarkably different from that in a Mg-5 at. pct Gd alloy (Figure 19(a) ) even though the structure of b¢ (Mg 7 Y) in the Mg-2 at. pct Y alloy is reportedly the same as that in the Mg-5 at. pct Gd alloy (Figures 19(b) and (c) ). The difference was attributed to the difference between lattice parameters of Mg 7 Gd (a = 0.650 nm, b = 2.272 nm, and c = 0.521 nm) and Mg 7 Y structures, which results in different lattice misfits with Mg matrix. [183] Precipitates of the equilibrium phase b have a plate shape. The orientation relationship between b and magnesium matrix phase is exact Burgers with habit plane of the b plates parallel to 10 " 10 È É a or near Burgers with the plate habit plane parallel to 31 " 40 È É a ( Figure 21(c) ). [184] 3. Mg-Y-Nd and Mg-Gd-Nd alloys The age-hardening response of Mg-Y-Nd alloys is much higher than that of counterpart Mg-Y and Mg-Nd binary alloys. [185, 186] The most successful commercial magnesium alloys developed to date via precipitation hardening, in terms of strength and creep resistance, have been WE54 (Mg-5 wt pct Y-2 wt pct Nd-2 wt pct HRE) and WE43 alloys based on the Mg-Y-Nd system [6, 187, 188] (Table II) . The aging curves of magnesium alloy WE54 at 523 K and 473 K (250°C and 200°C) are shown in Figure 22 . [189] The hardness value in the as-quenched condition is 68 VHN, which is close to that of the Mg-15Gd-0.5Zr (wt pct) alloy shown in Figure 19 (a), even though the total concentration of alloying additions is approximately 9 wt pct. Cold work of this alloy by 6 pct, after solution treatment and prior to aging, can raise the hardness of as-quenched samples to 75 VHN. Only a slight increase in hardness is obtained when the level of plastic deformation is increased from 6 pct to 12 pct. During isothermal aging at 523 K (250°C), the hardness of the undeformed sample increases gradually to a plateau hardness of 87 VHN after 24 hours. In contrast, the sample with 6 pct deformation reaches a maximum hardness of 97 VHN in 8 hours and that with 12 pct deformation achieves a maximum hardness of~94 VHN in 4 hours. Therefore, it is possible to obtain higher hardness values in much shorter aging time by cold work. With prolonged aging at 523 K (250°C), the difference in hardness between undeformed and deformed samples diminishes gradually. Higher hardness values can be obtained for both undeformed and deformed samples at 473 K (200°C) (Figure 22(b) ). Although the precipitation-hardening response of deformed samples is accelerated, the maximum hardness achievable at 473 K (200°C) is not affected significantly by cold work. A maximum hardness between 106 and 110 VHN is achieved at 473 K (200°C) for both deformed and undeformed samples.
The microstructure of the undeformed sample aged for 24 hours at 523 K (250°C), which is close to the peak-aged condition, is shown in Figure 22 (c). It has a relative coarse distribution of 1 " 100 È É a plates of b 1 phase, with globular b¢ particles attached to the two ends of each of the prismatic plates. In contrast, the 1 " 100 È É a precipitate plates formed samples deformed by 6 pct prior to 4 hours aging at 523 K (250°C) have much larger diameter and higher number density, and the number density of globular particles of b¢ is significantly reduced (Figure 22(d) ). Apparently, the dislocations introduced by the cold work promote the nucleation the growth of the 1 " 100 È É a precipitate plates at the expense of b¢ phase. Observations made by transmission electron microscopy [189] indicate that b 1 precipitates form heterogeneously on preexisting dislocations, similar to the intermediate precipitate phase Mg 3 X (X = Nd, Ce, or MM) in Mg-Nd, Mg-Ce, and Mg-MM alloys that also nucleate preferentially on dislocations. The comparison of the microstructures and aging curves of the undeformed and deformed samples indicates that the remarkable increase in hardness, from 75 VHN in undeformed samples to 93 VHN in deformed samples, is associated with the formation of 1 " 100 È É a precipitate plates of larger diameter and higher number density. As discussed in Section III, an increase in the prismatic plate diameter, number density, or a combination of both, can effectively reduce interparticle spacing and, therefore, increase hardness or strength.
The T6 condition of alloy WE54 typically involves a solution treatment of 8 hours at 798 K (525°C), a hot water quench, and a subsequent aging treatment of 16 hours at 523 K (250°C). [188, 190] The aged microstructure at maximum hardness was initially reported [5, 188] to contain metastable b¢ and equilibrium b phases as dispersed precipitates, and both phases were described to form as plates on 1 " 100 È É a planes of the magnesium matrix phase. In early studies, the b¢ phase was reported to have a Mg 12 NdY composition [190, 191] and a base-centered orthorhombic structure (a = 0.640 nm, b = 2.223 nm, c = 0.521 nm). [5, 150] The orientation relationship of b¢ was reported to have the form
The proposed structure and orientation of the b¢ phase are similar to those of the b¢ formed in binary Mg-Y alloys. [5] The b phase was reported to have a Mg 14 Nd 2 Y composition [191] and a face-centered cubic structure (a = 2.223 nm). [5, 150] The orientation relationship between b and a-Mg matrix is such that " 112
a , which is identical to that observed between b¢ and a-Mg in binary Mg-Nd alloys. [150] In the following years, several studies [180, [192] [193] [194] [195] have been made to use modern facilities to characterize the precipitates in aged samples of WE54 and WE43. It was reported [193, 194] that during the early stage of aging of WE43 alloy, monolayer precipitates with a D0 19 ordering form with two possible habit planes: 11 " 20 È É a and 1 " 100 È É a , and that the precursor 11 " 20 È É a monolayers form the b¢¢ (D0 19 ) phase whereas the precursor 1 " 100 È É a monolayers led to the formation of the b¢ phase. However, the similarity between these Mg-Y-Nd-based alloys and Mg-Gd alloys suggests that the precipitation in the early stage of the WE alloys is likely to be similar to that in Mg-Gd alloys (Table I ). Figure 23(a) shows the microstructure typical of samples aged to maximum hardness (48 hours at 523 K [250°C]). The microstructure contains a dispersion of plate-shaped precipitates in contact with irregular, globular particles. An examination of electron microdiffraction patterns obtained from individual globular precipitate indicates that these particles are b¢ phase and that the structure and orientation relationships proposed for the b¢ phase in early studies are correct. However, the observed morphology of the b¢ phase is clearly different from that from previous suggestions, [5, 150] i.e., b¢ forms as plates parallel to 1 " 100 È É a .
In contrast to the early studies, Nie and Muddle [180] reported that the 1 " 100 È É a plates have a face-centered cubic structure, with a~0.74 nm, and an orientation relationship that is of the form " 112 À Á
This phase was designated b 1 because it had not been reported previously in WE alloys. The structure b 1 is similar to that of Mg 3 X phase (X = Nd, La, Ce, Gd, Pr, Dy, and Sm), which has a face-centered cubic structure (space group Fm " 3m, a = 0.74 ± 0.01 nm) and form exclusively as 1 " 100 È É a plates. [149, 153, 154] The b 1 phase invariably forms jointly with other particles, either with b¢ precipitates such as that shown in Figure 23 (a) or with themselves in the form of triads (Figure 23(b) ). In the latter case, the magnesium matrix region isolated by the three b 1 [180] , and (b and c) is from Ref. [196] .
variants is rotated by approximately 10.5 deg (Figure 23(c)) . [196] These observations indicate that the formation of b 1 phase involves a large shear strain, [180] which will be discussed in Section IV. The 1 " 100 È É a plates of b 1 transform in situ to the equilibrium phase b during prolonged aging at 523 K (250°C). Examination of pattern symmetries in the higher order Laue zone and zero order Laue zone patterns recorded from the b plates, together with recognition of absent reflections in the observed electron microdiffraction patterns, indicates a space group of F " 43m (a = 2.2 ± 0.1 nm). This structure is isomorphous with Mg 5 Gd. The orientation relationship is similar to that observed between b 1 and the matrix phase. The age-hardening response and precipitation in Mg7Gd-2.3Nd-0.6Zr and Mg-7Dy-2.3Nd-0.6Zr (wt pct) alloys have been studied and compared with those in a Mg-4Y-2.3Nd-0.6Zr (wt pct) alloy. [197] Among the three alloys examined, the greatest age-hardening response is found in the Gd-containing alloy. The b 1 phase is also confirmed to occur in the Mg-Gd-Nd-Zr and Mg-DyNd-Zr alloys, and the structures and morphologies of precipitates and the precipitation sequences in the three alloys are identical.
Mg-Gd-Y-based alloys
The Mg-Gd-Y alloys have received considerable interest in recent years because of their potential in achieving higher strength and better creep resistance. The Gd:Y atomic ratio in these alloys is important. When the Gd:Y atomic ratio is in the range 3:1 to 1:1 and the total concentration of the alloying additions is 2.75 at. pct, the tensile yield strengths of the Mg-Gd-Y alloys are lower than that of the counterpart Mg-Gd binary alloy and higher than that of the counterpart Mg-Y binary alloy. [198] The T5 samples of the hot-rolled Mg-Gd-Y alloys have superior tensile strengths to commercial WE54 alloy. The aging curves of two representative alloys in this category are shown in Figures 24(a) and (b) . [199, 200] The effects of Zn additions are also shown in Figure 24(b) . In general, the additions of Zn reduce the age-hardening response of these alloys. When the Zn content is over 1.5 to 2.0 at. pct, the agehardening response of the resultant Mg-Gd-Y-Zn alloys diminishes completely. [201] However, an impressively high value of 473 MPa has been achieved for the 0.2 pct proof strength in an extruded and aged Mg-1.8Gd-1.8Y-0.7Zn-0.2Zr (at. pct) or Mg-10Gd-5.7Y-1.6Zn-0.7Zr (wt pct) alloy [202] (Table II) . The remarkable age-hardening response achieved in the Mg-Gd-Y alloys is attributable to a dense distribution of precipitates in the microstructure. The precipitation sequence in this group of alloys seems to be similar to Mg-Gd, Mg-Gd-Nd, and Mg-Y-Nd alloys. The b¢ precipitates formed in the peak-aged samples have a lenticular shape (Figure 24(c) ), which is more effective in impeding dislocation slip than the globular b¢ precipitates formed in the WE54 alloy.
Mg-Gd-Zn alloys
Because the equilibrium solid solubility of Gd in magnesium is approximately 0.8 at. pct at 523 K (250°C) and 0.6 at. pct at 473 K (200°C), Mg-Gd alloys containing less than 1.0 at. pct (6.1 wt pct) Gd have a poor age-hardening response at 473 K to 523 K (200°C to 250°C) because of the low volume fractions of precipitates (Figure 25(a) ). For example, the maximum (a and c) are reproduced from Ref. [199] , and (b) is from Ref. [200] .
volume fraction of precipitates achievable at 523 K (250°C) is approximately 1.1 pct, according to the level rule calculation, if the precipitates are assumed to have a composition close to that of the equilibrium phase Mg 5 Gd. Therefore, it has been of commercial interest to explore the possibility of enhancing the precipitationhardening response of the diluted Mg-Gd alloys via the use of microalloying additions of low-cost elements. A recent study [173] reported that additions of 1 to 2 wt pct Zn to a Mg-6 wt pct Gd alloy could considerably enhance the solid-solution strengthening effect and generate a relatively strong precipitation-hardening response (Figure 25(a) ).
The 3DAP work [203] did not reveal any detectable clusters of Gd and/or Zn atoms in the as-quenched samples of a Mg-6Gd-1Zn-0.6Zr (wt pct) alloy. But the statistical analysis of the 3DAP data suggests that cosegregation of Gd and Zn atoms occurs in the as-quenched samples. The co-segregation phenomenon of Gd and Zn atoms is attributed to the atomic size difference between the solute and the solvent. The atomic radius is 0.180 nm for Gd, 0.133 for Zn, and 0.160 for Mg. Therefore, substituting a Mg atom by a Gd atom leads to a compression strain, whereas replacing a Mg atom by a Zn atom causes an extension strain. It is therefore energetically favorable for Gd and Zn atoms to segregate to each other to minimize the elastic strain associated with individual Gd or Zn atoms. It was further speculated [203] that the Gd and Zn atoms form Gd-Zn dimers in the a-Mg solid solution and that these dimers are more effective barriers (than those from individual atoms of Gd or Zn) to the motion of dislocations and therefore contribute to the large hardness increase in the as-quenched condition.
The experimental observations made by TEM indicate that the precipitation process during isothermal aging at 473 K and 523 K (200°C and 250°C) of the Mg-6Gd-1Zn-0.6Zr (wt pct) alloy involves the formation of metastable c¢¢ and c¢ phases and that the peak hardness is associated with the c¢¢ precipitates (Figure 25(b) ). Both precipitate phases form as plateshaped particles on (0001) a . Most precipitates in the peak-aged condition are c¢¢ phase that has an ordered hexagonal structure (space group P " 62m; a = 0.556 nm and c = 0.444 nm) with an ABA stacking sequence of the close-packed planes (Figure 25(c) ) and a composition of Mg 70 Gd 15 Zn 15 . [203] This structure is subtly different from that reported for the basal plates in a Mg-2Gd-1Zn (at. pct) alloy [204] in terms of the distribution of Zn atoms and the c value of the unit cell. The orientation relationship between c¢¢ and a-Mg phases is such that (0001) c¢¢ == (0001) a and 10 " 10 Â Ã c 00 == 2 " 1 " 10
The thickness of the c¢¢ plates is often of a single unit cell height. This phase is fully coherent with the matrix in its habit plane, but with a relatively large misfit strain (-0.16) in the direction normal to the habit plane. It is to be noted that G.P. zones have been reported [204, 205] to form in Mg-2Gd-1Zn (at. pct) and Mg-1.5Gd-1Zn (at. pct) alloys. However, an inspection of the images of and electron diffraction patterns from these ''G.P. zones'' indicates that they are actually c¢¢ phase.
With continued aging at 523 K (250°C), the c¢¢ precipitates are gradually replaced by c¢ precipitates. The c¢ phase has a disordered hexagonal structure (space group P " 3m1; a = 0.321 nm and c = 0.780 nm) and a MgGdZn composition. The orientation relationship is such that ð0001Þ c 0 == (0001) a and 2 " 1 " 10
The c¢ plates are perfectly coherent with the matrix phase in their habit plane and in the direction normal to their habit plane. Their thickness is again invariably of a single unit cell height, and their aspect ratio is considerably larger than that of c¢¢. In contrast to the c¢¢ plates, the c¢ plates have an ABCA stacking order of their closepacked planes (Figure 25(d) ). Therefore, the formation of a c¢ precipitate of a single-unit cell height generates a shear strain of approximately 0.35. This large shear strain can impose a large barrier to the nucleation of c¢ plates. Although c¢ is a metastable phase, it is remarkably resistant to thickening during isothermal aging at 523 K (250°C). It is still less than 1 nm in thickness and remains the dominant precipitate phase in the microstructure of the Mg-6Gd-1Zn-0.6Zr (wt pct) alloy after long-term aging (1000 hours at 523 K [250°C]) (Figure 25(e) ).
Around the same time, Yamasaki et al. [206] studied the precipitation process in a Mg-2Gd-1Zn (at. pct) alloy. The Gd and Zn concentrations in their alloy are almost twice of those in the Mg-6 wt pct Gd-1 wt pct Zn-0.6 wt pct Zr (Mg-1 at. pct Gd-0.4 at. pct Zn-0.2 at. pct Zr) alloy. The precipitation in the Mg-2Gd-1Zn (at. pct) alloy involves the formation of stacking faults and 14H phase on (0001) a and b¢, b 1 , and b phases. The stacking faults and 14H precipitates reportedly form at intermediate and high temperatures (573 K to 773 K [300°C to 500°C]), whereas the b¢, b 1 , and b phases form at low temperatures (~473 K [200°C] ). It was suggested [206] that the 1 at. pct Zn addition to the Mg-2 at. pct Gd alloy reduced the stacking fault energy and, therefore, promoted the formation of stacking faults and the 14H phase. The stacking faults in the Mg-2 at. pct Gd-1 at. pct Zn alloy were reported to be I 1 and I 2 intrinsic stacking faults, and segregation of Gd and Zn atoms into the two atomic planes around each single stacking fault was observed. The appearance of these so-called stacking faults resembles that of the c¢ phase in the same alloy system, and to avoid confusion, it is appropriate to call them c¢ precipitates. Otherwise, it would be difficult to understand why these so-called stacking faults form preferentially only at intermediate and high temperatures rather than at both high and low temperatures, i.e., in the temperature range 298 K to 773 K (25°C to 500°C). Furthermore, the stacking fault energy would be unrealistically low when the extraordinarily long length (the separation distance between the two Shockley partials binding the stacking fault) is taken into account. The work by Nie et al. [203] suggests that the I 1 and I 2 intrinsic stacking faults reported by Yamasaki et al. [206] are in fact two twin-related variants of c¢ precipitate phase.
Although some particles of the equilibrium intermetallic phase b-Mg5Gd start to form in well overaged samples of the Mg-6Gd-1Zn-0.6Zr (wt pct) alloy, the metastable phases b¢¢, b¢, and b 1 , which usually form in Mg-Gd and Mg-Gd-Y alloys, and c phase (14H) are not observed in the Mg-6Gd-1Zn-0.6Zr (wt pct) or Mg1Gd-0.4Zn-0.2Zr (at. pct) alloy. In the Mg-2 at. pct Gd-1 at. pct Zn alloy, the 14H phase can form from the supersaturated solid-solution phase of a-Mg and from the decomposed primary intermetallic particles Mg 3 Gd (Fm " 3m, a = 0.72 nm) that have already formed in the as-cast microstructure. The 14H seems to be an equilibrium phase in this alloy and other alloys of similar compositions. [200, 201, 206, 207] Although Mg-1Gd-0.4Zn-0.2Zr, Mg-2Gd-1Zn, and Mg-2.5Gd-1Zn (at. pct) alloys have a similar Gd:Zn atomic ratio, the precipitate process in these alloys is quite different. It is currently difficult to rationalize the observations in different alloys because of a lack of isotherm sections of the ternary MgGd-Zn phase diagram. Nevertheless, one plausible explanation is that the 473 K to 523 K (200°C to 250°C) aging temperature range is above the solvus lines of b¢¢, b¢, and b 1 for the Mg-1Gd-0.4Zn-0.2Zr (at. pct) alloy that has lower contents of Gd and Zn, but it is below the solvus lines of these metastable phase for the Mg-2Gd-1Zn (at. pct) and Mg-2.5Gd-1Zn (at. pct) compositions (Figure 25(f) ).
Mg-Y-Zn alloys
The experimental evidence accumulated thus far indicates that Zn additions to Mg-Y alloys significantly reduce the equilibrium solid solubility of Y in magnesium. Therefore, the volume fraction of solid-state precipitates is quite low in the resultant Mg-Y-Zn alloys, and the Mg-Y-Zn alloys exhibit little age-hardening response, as shown in Figure 24(c) . Consequently, the Mg-Y-Zn alloys, for example Mg-2 at. pct Y-2 at. pct Zn (Mg-6.7 wt pct Y-4.9 wt pct Zn), [208] are usually hot extruded to achieve useful tensile properties (Table II) .
It is perhaps for the lack of age hardening that the precipitation sequence in the Mg-Y-Zn alloys has not been well characterized in the past. In the early studies of Mg-Y-Zn alloys, [209, 210] some planar defects were observed to form on the basal plane of the magnesium matrix phase. Based on the invisibility analysis of the two-beam TEM images obtained from these planar defects, these defects were reported to be I 1 intrinsic stacking fault bounded by Frank partial dislocations
; a þ c typeÞ. This fault can be generated via the condensation of vacancies onto a single atomic plane, which leads to a dislocation loop bounded by Frank partials with b ¼ AE1=2 0001 h i a , and subsequent formation of a Shockley partial loop b ¼ AE1=3 10 " 10 a À Á within this atomic plane. Similar planar defects are also observed in an early study of Mg-Th-Zn alloys aged at 573 K to 673 K (300°C to 400°C), [211] but they were reported to be intrinsic stacking faults I 2 bounded by Shockley partial dislocations b ¼ AE1=3 10 " 10 a À Á . It is apparent that a wide range of planar features exists in the Mg-Y-Zn, Mg-GdZn, and Mg-Th-Zn alloys. Some of them have many characteristic features of the stacking faults, but the analysis made did not draw any clear conclusions concerning their identity and relationships.
The stacking faults in magnesium alloys include intrinsic faults I 1 and I 2 and extrinsic fault E.
[212] An I 1 fault can be produced by removing the B plane, usually via the condensation of aggregates of vacancies, above an A plane and then shearing the remaining planes above the A plane by a displacement of 1=3 10 " 10 a . In this case, the stacking order of the closely packed planes is changed from ABABABAB to ABABACAC I 1 ð Þ:
An I 2 fault is generated directly by the passage of a Shockley partial dislocation on (0001) a or by directly shearing the hexagonal lattice by a displacement of 1=3 10 " The extrinsic fault E can be generated by inserting a C plane into the …ABAB… stacking sequence. The stacking of the closely packed planes is then changed from ABABABAB to ABABCABAB E ð Þ:
Note that the I 2 fault, rather than I 1 , yields an ABCA stacking that is characteristic of the c¢ structure in Mg-Gd-Zn and Mg-Y-Zn alloys. Although the E fault can also generate the ABCA stacking, the packing order of closely packed planes outside the ABCA segment is distinguishably different from that associated with the I 2 fault. If the ABCA segment is taken as a precipitate plate, then the closely packed planes of the magnesium lattice at both sides of the plate are symmetrically arranged for the E fault, and asymmetrically stacked for the I 2 fault.
In more recent years, the planar defects in the microstructure of a Mg-8Y-2Zn-0.6Zr (wt. pct) alloy solution treated for 1 hour at 773 K (500°C) and water quenched were characterized in detail using conventional transmission electron microscopy imaging techniques and a modern Z-contrast imaging technique, i.e., atomic-resolution HAADF-STEM. [213] These defects were analyzed using both traditional gAEb and gAER invisibility criteria and computer image simulation.
The alloy microstructure contains three types of planar features on (0001) a (Figure 26(a) ). The first type is small ribbons. They are intrinsic stacking faults I 2 , bounded by two Shockley partial dislocations, rather than I 1 . The second type is a precipitate c¢ phase that has a single unit cell height and is always associated with Shockley partial dislocations (Figure 26(b) ). [214] The structure of the c¢ phase seems similar to that in the Mg-Gd-Zn alloys (Figure 25(d) ). The third type is the 14H precipitate phase that is again always associated with Shockley partial dislocations. This type of planar features is often inferred to be an intrinsic stacking fault I 2 bounded by a Frank partial dislocation in the literature. [209] The 14H phase is an equilibrium phase in the Mg-Y-Zn system. The probable precipitation sequence in the Mg-Y-Zn alloys is given in Table I .
The 14H phase was originally reported [215] to have a disordered hexagonal structure (a = 0.321 nm and c = 3.694 nm). The close-packed planes of this structure have a long-period stacking order and are arranged in an ACBCBABABABCBCA stacking sequence. But in a more recent study, [216] it was proposed that 14H has in fact an ordered hexagonal structure (a = 1.112 nm, c = 3.647 nm), and a Mg 12 YZn composition that is identical to that of the equilibrium X phase in the Mg-YZn system. [217, 218] The stacking sequence of the closepacked planes is ABABCACACACBABA in the 14H lattice, [203, 216] and the orientation relationship between 14H and a-Mg is that (0001) 14H == (0001) a and 0 " 110
. The 14H unit cell is made up of two structural units, or building blocks, that are separated by three (0001) a planes of magnesium (Figure 26(c) ). Each structural unit has an ABCA-type stacking sequence, and Y and Zn atoms have an ordered arrangement in the B and C layers, i.e., the two middle layers, of each structural unit. The stacking sequence of the close-packed planes in the structural unit is such that each structural unit has a shear component with respect to the matrix phase. The two structural units within the 14H unit cell are twin-related. Therefore, the joint formation of these two blocks generates a zero net shear relative to the a-Mg matrix.
In the as-cast microstructures of Mg-Y-Zn alloys, produced by either conventional ingot casting or rapid solidification processing, it is often to observe primary intermetallic particles of a long-period stacking ordered (LPSO) structure. It seems that this LPSO structure can readily form from the melt, irrespective of the solidification rates in the casting. This LPSO phase can be produced in nanoscales and larger volume fractions when Mg-Y-Zn alloys are produced by the rapid solidification process. For example, the size of the intermetallic particles of the LPSO phase ranges from 50 to 250 nm in a Mg-2 at. pct Y-1 at. pct Zn alloy produced by gas atomization, compaction, and hot extrusion. [219] This alloy can have a 0.2 pct proof strength exceeding 600 MPa and an elongation to fracture of 5 pct. [220] In the early studies, [219, 221] the intermetallic particles in the Mg-Y-Zn alloys was reported to have a 6H structure, which has a monoclinic unit cell (a =
In the proposed 6H structure, the A and B¢ layers are significantly enriched by Zn and Y, [221] with the Y and Zn content of approximately 10 at. pct and 3 at. pct, respectively, in each of these two layers. [219] In subsequent studies, [215, 222] the 6H structure was regarded as not correct and was superseded by an 18R structure (hexagonal unit cell, a = 0.321 nm, c = 4.86 nm) with an ACBCBCBACACACBABABA stacking sequence of the close-packed planes. This structure is identical to that of the X-Mg 12 YZn phase proposed by Luo and Zhang. [223] In all such studies, the term ''order'' refers to the ordered stacking of the close-packed planes rather than ordered arrangement of Y and Zn atoms in the close-packed planes.
In a very recent study, [216] the 18R unit cell was reported to be ordered monoclinic (a = 1.112 nm, b = 1.926 nm, c = 4.689 nm, and b = 83.25 deg), with Y and Zn atoms occupying some specific positions of the unit cell. The orientation relationship between the 18R and a-Mg phases is such that (001) 18R == (0001) a and [010] 18R == ½1 " 210 a . The 18R unit cell has an ACACBABABACBCBCBACA stacking sequence of its close-packed planes and is made up of three structural units, with two adjacent units separated by two (0001) a planes of magnesium. Similar to that in the 14H phase, each structural unit of the 18R phase has an ABCA-type stacking sequence, and Y and Zn atoms have an ordered arrangement in the B and C layers, i.e., the two middle layers of each structural unit. The experimental measurements and this latter model of 18R indicate that its stoichiometric composition is Mg 10 YZn rather than Mg 12 YZn, which has long been assumed and commonly accepted in previous studies. This error occurred presumably because the 18R structure was mistakenly taken as the structure of the equilibrium X-Mg 12 YZn phase in the work of Luo and Zhang.
[223] Luo and Zhang [223] did not provide any information on their sample preparation conditions, and it is very likely that the intermetallic particles that they studied are the 18R phase, rather than the equilibrium X-Mg 12 YZn phase. The 18R phase is observed predominantly in the as-cast microstructure of Mg-Y-Zn alloys. Both the accumulated experimental evidence and the calculated Mg-YZn phase diagram shown in Figure 27 [224] indicate that 18R is not thermodynamically stable at temperatures below 773 K (500°C); it is gradually replaced by 14H after prolonged heat treatment at 623 K to 773 K (350°C to 500°C).
It is to be noted that the stacking sequence of the close-packed planes of the structural units of the 14H and 18R phases is the same as that of the c¢ phase (Figures 25(d) and 26(b) ), even though the c¢ phase is disordered. In two very recent studies of LPSO structures in Mg-5 at. pct Gd-3.5 at. pct Al [225] and Mg-2 at. pct Y-1 at. pct Zn, Mg-9 at. pct Y-6 at. pct Zn and Mg-2 at. pct Er-1 at. pct Zn [226] alloys, the structural unit of the LPSO structures was proposed to have an ordered enrichment of Y and Zn atoms in all four layers, instead of the middle two layers, of the ABCA units. In the Mg-5 at. pct Gd-3.5 at. pct Al alloy, the HAADF-STEM images obtained indicate that Gd atoms are arranged with an order in all four layers of the structural unit, with a greater enrichment in the inner two layers of the unit. However, it should be pointed that the SAED patterns recorded from the LPSO phase in this alloy (Figure 2 in Reference 225) are not fully consistent with those obtained from the LPSO phase in the Mg-Y-Zn alloys (Figure 11 in Reference 225), and therefore, more efforts are needed in the future to establish whether the structure reported for the LPSO phase in the Mg-Gd-Al alloy is representative of that of the Mg-Y-Zn alloys.
In the Mg-2 at. pct Y-1 at. pct Zn, Mg-9 at. pct Y-6 at. pct Zn and Mg-2 at. pct Er-1 at. pct Zn alloys, [226] the HAADF-STEM images of the 18R and 14H phases do not show any strong evidence of a systematic ordering of Y and Zn atoms in the two outer layers. The SAED patterns obtained from the LPSO phases in these three alloys are not fully self-consistent in terms of the intensity of some reflections. Again, another systematic study is needed in the future to reconcile the HAADF-STEM images and SAED patterns obtained from different alloys and alloys prepared under different processing conditions. Although 18R and 14H are the most frequently observed LPSO structures in Mg-Y-Zn alloys and in many other magnesium alloys such as Mg-Gd-Zn, MgGd-Y-Zn, Mg-Dy-Zn, Mg-Ho-Zn, Mg-Er-Zn, Mg-TmZn, Mg-Tb-Zn, Mg-Y-Cu(-Zn), and possibly Mg-GdAl, [200, 201, 203, 206, 225, [227] [228] [229] [230] [231] a few other long-period structures such as 10H and 24R have also been reported. [215] However, whether these LPSO structures are also ordered as well as their relationships with the ABCAtype building block and 18R and 14H structures, remains to be unambiguously established.
Mg-Gd-Ag alloys
A recent study [232, 233] indicates that the addition of 2 wt pct Ag to the Mg-6Gd-0.6Zr (wt pct) alloy can lead to a significant acceleration and increase in the agehardening response in the resultant Mg-6Gd-2Ag-0.6Zr alloy (Figure 28(a) ). When combined with 1 wt pct Zn, (Figure 28(a) ). This improved age-hardening response is associated with the formation of a dense distribution of nanoscale basal precipitate plates that are not available in the Mg-6Gd-0.6Zr alloy. The selected-area electron diffraction patterns recorded from the nanoscale plates indicate they may have a hexagonal structure with lattice parameters a = 0.556 nm, c = 0, 1, or two times of c a (i.e., c = 0, 0.521, or 1.042 nm) and an orientation relationship of (0001) 
Based on what has been reported for similar plates formed in Mg-Nd-Ag [5, 151] and Mg-Y(-Zn)-Ag alloys, [234] the lattice parameters of the structure of these plates are likely to be a = 0.556 nm and c = 0.521 nm. An appreciable maximum hardness value of over 130 VHN is obtained when the concentration of Gd is increased from 6 wt pct to 15 wt pct (Figure 28(b)) . [235] When tested at room temperature in the peak-aged condition, the Mg-15Gd-2Ag-0.6Zr alloy has a 0.2 pct proof strength of 320 MPa and an ultimate strength of 347 MPa. [235] 8. Mg-Y(-Zn)-Ag alloys Figure 28 (c) shows the aging curves at 473 K (200°C) of Mg-6Y-1Zn-0.6Zr alloys with systematic Ag additions. The Ag-free alloy has a rather poor age-hardening response at 473 K (200°C), which is attributable to (1) little precipitation of fine-scale precipitates inside individual magnesium grains, (2) the preferential formation of coarse precipitates of 14H in grain boundaries, and (3) a relatively high fraction of retained intermetallic particles that formed during solidification. Systematic additions of Ag to the Mg-6Y-1Zn-0.6Zr (wt pct) alloy have been reported [236] to reduce the volume fraction of retained intermetallic particles in the microstructure and to promote the formation of fine-scale precipitates at the expense of coarse precipitates of 14H. The alloy containing 2 wt pct Ag exhibits a remarkable agehardening response during isothermal aging at 473 K (200°C). An increase in the Ag content to 3 wt pct leads to another increase in the maximum hardness value achievable. In the peak-aged condition, the Mg-6Y-3Ag-1Zn-0.6Zr (wt pct) alloy has a hardness value of approximately 100 VHN. It should be emphasized that a similar enhancement effect on the age-hardening response is also expected in the counterpart Mg-Y-Ag alloys, i.e., alloys without any Zn additions. These observations are similar to those observed in Mg-Gd (-Zn) alloys containing Ag additions. [232] The enhanced age-hardening response is associated with a dense distribution of fine-scale basal precipitate plates of c¢¢ (Figure 28(d) ), which were not observed in the Ag-free alloy, and the number density of these fine-scale precipitates increases with an increase in the Ag content in the alloy. It is bit puzzling that the c¢¢ precipitate platelets are invariably of a single unit cell thickness, comprising three atomic planes, irrespective of the aging period that is used (Figures 28(e) and (f) ). [234] After prolonged aging (5800 hours) at 473 K (200°C), the c¢¢ platelets remain very thin, with a thickness of a single unit cell. Although they are thermally stable and resistant to thickening, they tend to form clusters in the direction normal to the platelet broad surface, instead of thickening, which are often separated by a few atomic planes (Figure 28(g) ). It is currently unclear what factors cause the cluster distribution of the c¢¢ platelets.
Based on selected-area electron diffraction patterns recorded from regions containing c¢¢ platelets and atomic-resolution HAADF-STEM images of the c¢¢ platelets, the structure of the c¢¢ platelets is proposed to be hexagonal (a = 0.556 nm, c = 0.450 nm). The precise symmetry of the structure, i.e., the space group and arrangement of individual atoms in the unit cell, remains to be unambiguously established. The orientation relationship between c¢¢ and a-Mg phases is that ð0001Þ c 00 == (0001) a and ½10 " 10 c 00 ==½2 " 1 " 10 a . The observed structure, orientation relationship, and morphology of the c¢¢ phase are similar to those of platelets in Mg-Gd-Zn, Mg-Nd-Zn, Mg-Ce-Zn, and Mg-Ca-Zn alloys.
The aging treatments of a Mg-6Y-2Ag-1Zn-0.6Zr (wt pct) alloy in the temperature range 473 K to 623 K (200°C to 350°C) indicate that precipitation in this alloy also involves the formation of G.P. zones, c¢, and 14H phases. The G.P. zones have a monolayer atomic structure on (0001) a , and they form in the early stage of aging at 473 K (200°C). These G.P. zones are replaced by c¢¢ precipitate plates during continued aging at 473 K (200°C). The precipitation in the alloy seems to involve the formation of G.P. zone, c¢¢, c¢, 14H, and d (Table I) , where d is an equilibrium phase (space group Fd " 3m; a = 1.59 nm) that forms in grain boundaries. [234, 237] H. Other Magnesium Alloy Systems
Mg-In-Ca alloys
The equilibrium solid solubility of indium in Mg is approximately 19.4 at. pct at the peritectic temperature of 757 K (484°C), and it decreases only to 18.62 at. pct at 600 K (327°C) and 13.95 at. pct at 473 K (200°C). [14] Given the large solid solubility of indium in magnesium at temperatures close to 473 K (200°C) and the price of indium, the Mg-In system is by any means not for developing alloys for engineering application. For this reason, the Mg-In alloys have so far received little attention. However, in a recent study, [238] Mendis et al. [238] reported that the addition of 0.3 at. pct Ca to magnesium alloys containing a very dilute amount (0.6 to 1.0 at. pct) of In could lead to a remarkable age-hardening response (Figure 29(a) ). This age-hardening response is several folds larger than that of the binary Mg-0.3 at. pct Ca alloy, and therefore it is not related with formation of precipitates intrinsic of binary Mg-In alloys or Mg-Ca alloys.
An inspection of peak-aged samples of a Mg-1In-0.3Ca (at. pct) alloy using HAADF-STEM and 3DAP reveals that the this age hardening is associated with the formation of a dense distribution of precipitate platelets forming on 10 " 10 È É a planes of the magnesium matrix phase (Figure 29(b) ). [238] These prismatic platelets are typically three 10 " 10 È É a planes thick and 20 nm in diameter, and they are fully coherent with the matrix phase. They are comprised of approximately 7.0 at. pct Ca and 3.5 at. pct In (Figure 29(c) ). [238] The structure of these prismatic platelets is yet to be determined. The phase equilibria and the precipitation sequence in this alloy are also both unknown.
Nevertheless, the formation of prismatic plates in this alloy system is exciting, and it will be described and discussed in the next section. The prismatic precipitate plates are the most effective barriers to basal dislocations and twins that are operating in the plastic deformation process. Any detailed study in the future of the structure and formation mechanism of the 10 " 10 È É a precipitate plates will shed light on the exploration for the principles for generating prismatic precipitate plates in magnesium alloys.
Mg-Bi-Zn alloys
The maximum equilibrium solid solubility of Bi in Mg is 1. Although the Mg-Bi system is ideal for designing precipitation-hardenable alloys, the age-hardening response of binary Mg-Bi alloys is too low to be considered for alloy development. It has been reported recently [239] that the ternary addition of 0.5 at. pct Zn to a Mg-0.8 at. pct Bi alloy can enhance the maximum hardness achievable by approximately 40 pct and that an even higher value of the maximum hardness can be obtained when the Zn concentration is increased from 0.5 at. pct to 1.0 at. pct (Figure 30(a) ).
The microstructures of peak-aged samples of Mg-0.8Bi and Mg-0.8Bi-1.0Zn alloys are compared in Figures 30(b) and (c). [239] It is apparent that precipitates in the Zn-containing alloy have a denser distribution. These precipitates were reported to be the equilibrium phase a-Mg 3 Bi 2 , and they form as small platelets on 11 " 20 È É a planes of the magnesium matrix phase. The orientation relationship between the a-Mg 3 Bi 2 platelets and the surrounding matrix phase is that ð0001Þ aÀMg 3 Bi 2 == 11 " 20 À Á == ½11 " 20 a . It was speculated [239] that the [0001] a rods form first during the aging process and then act as heterogeneous nucleation site for the Mg 3 Bi 2 precipitates. If this speculation is accepted as representative, then any subsequent increase in the nucleation rate of a-Mg 3 Bi 2 precipitates would require a denser distribution of [0001] a rods. Any detailed characterization in the future of precipitates in the early stages of aging using atomic-resolution HA-ADF-STEM is expected to provide some insightful results on heterogeneous nucleation and the role of Zn in the precipitation of a-Mg 3 Bi 2 in Mg-Bi-Zn alloys.
III. EFFECTS OF PRECIPITATE SHAPES ON STRENGTHENING
A. Plastic Deformation by Basal Slip
Mg alloys containing shear-resistant particles
The increment in critical resolved shear stress (CRSS) produced by the need for basal slip dislocations to bypass point obstacles is given by [10, 240] 
where Ds p is the increment in CRSS caused by dispersion hardening, G is the shear modulus of the magnesium matrix phase, b is the magnitude of the Burgers vector of the gliding dislocations in magnesium, m is Poisson's ratio, k is the effective planar interparticle spacing, d p is the mean planar diameter of the particles, and r 0 is the core radius of the dislocations. Within Eq. [1] , the k varies with the shape and orientation of the particles. For spherical particles of uniform 3926-VOLUME 43A, NOVEMBER 2012diameter d t and distribution in a triangular array on the slip plane, the particle spacing is given by
where L p is the mean planar center-to-center distance between particles, N v is the number of particles per unit volume of the matrix phase, and f is the volume fraction of particles.
If the particle shape is changed from sphere to plate, then both the effective planar interparticle spacing (Figures 31(a) and (b) ) and the dislocation line tension will be changed. For magnesium alloys containing a triangular array of rationally oriented precipitate plates of uniform size, the strengthening effect produced by such particles can be estimated using the equations in Reference 241. These equations are derived under the assumption of a uniform periodic triangular array of particles intersecting the slip plane of the magnesium matrix phase. For fixed volume fractions and number densities of precipitates, the variations in the ratio Ds(plate)/Ds(sphere) with plate aspect ratio are shown in Figure 32 (a) for a precipitate volume fraction of 0.03. For a simplified comparison, the base microstructure is assumed to comprise precipitates in a regular triangular array distribution on the slip plane of the matrix phase. As shown in Figure 32(a) , the CRSS increments produced by prismatic plates are invariably larger than those produced by equivalent volume fractions of basal plates or spherical particles, and the difference increases substantially with increasing plate aspect ratio. For a given distribution of precipitate plates, the effective planar interplate spacing k decreases with an increase in Fig. 31-Schematic diagrams showing (a and b) effects of the orientation of precipitate plates on interparticle spacing for dislocation slip on basal plane of the magnesium matrix phase (adapted from Refs. [20] and [241] ), and (c) a prismatic plate sheared by dislocations gliding in basal plane of the magnesium matrix phase (reproduced from Ref. [20] ). the plate aspect ratio. There is a critical value of aspect ratio for which the effective interparticle spacing becomes zero, and the prismatic plates form closed prismatic volumes, which are defined by prismatic plates. If the plates are assumed to remain resistant to dislocation shearing, then the dislocations generated within the prismatic volumes cannot escape and the theoretical Orowan increment becomes infinitely large. In practice, the accumulation of dislocations may lead to local stress concentrations exceeding the yield strength of precipitates and precipitate shearing.
The effect of number density of precipitates on the variation in the effective interparticle spacing with an increase in the number density of precipitates is shown in Figure 32 (b) for a volume fraction of 0.03. For identical volume fractions and number densities of precipitates, the prismatic precipitate plates are much more effective in reducing interparticle spacing than basal plates and spherical particles. For an aspect ratio of either 50:1 or 25:1, the smallest interparticle spacing is always associated with prismatic plates.
Magnesium alloys containing shearable particles
Shearable precipitates can impede the movement of gliding dislocations through a variety of dislocation/ particle interaction mechanisms, including those described as interfacial or chemical strengthening, coherency strengthening, stacking-fault strengthening, modulus strengthening, and order strengthening. [10, 240] For each such proposed mechanism of strengthening, the contribution of the shearable precipitates to the CRSS of an alloy can be represented by an equation of the following form:
where C is the dislocation line tension in the magnesium matrix and force F is a measure of the resistance of the precipitates to dislocation shearing. Assuming a triangular array distribution of spherical particles of uniform diameter d t , Eq.
[3] may be rewritten in the form
for interfacial strengthening, [242] where c i is the specific interfacial energy between the precipitate and magnesium matrix phases.
For precipitates of morphologies other than sphere, it is currently difficult to assess their quantitative contributions to the CRSS increment because there is a lack of appropriate version of the strengthening equations for such precipitate shapes and orientations. Because it has been reported [9, 240, 242, 243] that interfacial strengthening can become a major strengthening mechanism in alloys containing plate-shaped precipitates, it is convenient to restrict the current review to interfacial strengthening. The quantitative contribution of the interfacial strengthening to the CRSS for magnesium alloys containing rationally oriented precipitate plates are given by [244] 
These equations are derived based on an ideal regular triangular array of particles in the slip plane. It is also assumed that there is continuity of the slip plane between magnesium matrix and precipitate, and that the magnitude of the Burgers vector of the dislocations in the magnesium matrix is identical to that in the precipitate phase (Figure 31(c) ).
For a given value of dislocation line tension, the variations of Ds(plate)/Ds(sphere) with plate aspect ratio as a function of plate aspect ratio are shown in Figure 32 (c). It is evident that the contribution of interfacial strengthening can become significant when particles take a plate shape on prismatic planes of the magnesium matrix phase. For identical volume fractions and number densities of precipitates per unit volume, the yield stress increments produced by prismatic precipitate plates are orders of magnitude larger than those produced by basal plates and spherical particles. The increments in CRSS produced by prismatic plates increase substantially with an increase in plate aspect ratio and are up to three orders of magnitude larger than that produced by spheres, when the plate aspect ratio is in the range of 10:1 to 70:1.
Many existing magnesium alloys are strengthened by (0001) a precipitate plates. The precipitate plates formed in these alloys are often extraordinarily thin, less than 1 nm, and their aspect ratio is remarkably large. Improvement in alloy strength might be achieved by increasing the number density and/or thickness of the (0001) a plates. Such approaches seem, however, to have limitation because a simultaneous increase in the number density and thickness of precipitate plates or increasing one factor while maintaining the other constant is practically difficult to achieve. Although a much higher number density of (0001) a plates has been produced in many of the alloys discussed in Section II, the age-hardening response and the maximum hardness and strength values of these alloys are still much lower than those obtained in counterpart aluminum alloys. [245] A substantial improvement in strength in these alloys would be difficult to achieve unless prismatic plates of large aspect ratio are introduced to replace, or coexist with, the (0001) a precipitate plates.
B. Plastic Deformation by Twinning

Mg alloys containing shear-resistant particles
It was reported by Clark [15] that twinning becomes difficult to occur when the size and number density of Mg 17 Al 12 precipitates increase. The precipitate-twin interactions in the Mg-Al alloys and effects of precipitate shape on twinning have been studied. [246] [247] [248] In the current review and for simplicity, the propagation of twins is considered to involve the motion of twinning dislocations, and only 10 " 12 È É a twins are considered in the plastic deformation process. In addition, the lattice parameters of Mg are taken as a = 0.5200 nm, c = 0.3203 nm (c/a = 1.6235). For a 10 " 12 È É a twin to bypass spherical particles of uniform diameter d t and of a triangular array distribution, the increment in CRSS can be approximated by Eqs. [1] and [2] . For (0001) a plates, of uniform diameter d t and thickness t t , which are ideally distributed in a triangular array in the 10 " 12 À Á a twin plane (Figure 33(a) ), the increment in CRSS for 10 " 12 À Á a twinning dislocations to bypass (0001) a precipitate plates can be approximated by [249] Figure 33(b) , if we assume that each of the three plates is ideally distributed at the center of each side of the isosceles triangle, then the increment in CRSS for 10 " 12 È É a twinning dislocations to bypass 10 " 10 È É a precipitate plates can be approximated by [249] :
Similarly, the increment in CRSS for 10 " 12 À Á a twinning dislocations to bypass 11 " 20 È É a precipitate plates can be estimated by [249] : Fig. 33-Schematic diagrams showing (a and b) the effects of the orientation of precipitate plates on interparticle spacing for twinning on 10 " 12 È É a plane of the magnesium matrix phase, and (c) the quantitative effects of the orientation and aspect ratio of precipitate plates on Orowan strengthening. The precipitate volume fraction is 0.03. [249] If the logarithmic terms in Eqs. [8] and [9] are assumed to be identical and in the case of spherical precipitates and basal plates, the base microstructure is assumed to comprise precipitates in a regular triangular array distribution in the 10 " 12 À Á a twin plane. For identical volume fractions and number densities of precipitates per unit volume of the matrix phase, the ratio Ds p (plate)/Ds p (sphere) is invariably larger than unity, when the plate aspect ratio is in the range 5:1 to 70:1, which means that precipitate plates are more effective in impeding twinning dislocation propagation (Figure 33(c) ). Furthermore, the ratio Ds p (plate)/ Ds p (sphere) increases substantially with increasing plate aspect ratio. For a given distribution of prismatic plates, an increase in the plate aspect ratio can lead to significant reduction in effective interparticle spacing. For either 10 " 10 È É a or 11 " 20 È É a plates, there is again a critical value of plate aspect ratio for which the effective interparticle spacing becomes zero. This implies that, at such a critical plate aspect ratio, the plates will divide a single magnesium grain into many enclosed prismatic volumes. If the plates are assumed to remain shear resistant, then the 10 " 12 À Á a twins generated within a prismatic volume are constrained in this prismatic volume.
IV. MICROSTRUCTURAL DESIGN FOR HIGHER STRENGTH
For precipitation-hardened magnesium alloys, whether particles are sheared or are shear resistant, and whether the deformation mode is basal slip or twinning, the particle strengthening models indicate that precipitate plates formed on prismatic planes of the magnesium matrix phase provide the most effective barrier to gliding dislocations and propagating twins in the magnesium matrix. The models further suggest that a higher strength can be achieved if a high density of intrinsically strong, plate-shaped precipitates with prismatic and basal habit planes and of large aspect ratio can be developed in the microstructure (Figure 34 ). [249] Whereas it is now possible to generate a microstructure containing both prismatic and basal plates in some magnesium alloys such as those based on the Mg-Gd-YZn system, and the basal plates in such a microstructure have a large aspect ratio, the aspect ratio and number density of the prismatic plates are much lower than those typical of precipitate plates formed in highstrength aluminum alloys. In high-strength precipitation-hardened aluminum alloys, the maximum hardness and yield strength is commonly associated with microstructures containing a high density of {100} a and {111} a precipitate plates of large aspect ratio (typically above 40:1) [245, 250] (Figure 35 ), and these strengthening precipitates are often intermediate or equilibrium phases that are intrinsically stronger than G.P. zones and metastable precipitates formed in the early stage of aging. [251] Improvements in the alloy strength thus require an increase in the number density and/or aspect ratio of prismatic plates of intermediate or equilibrium precipitate phases. [252] It is to be noted that the traditional approach to the strength improvement rarely considers the precipitate plate aspect ratio and, instead, puts an emphasis on precipitate number density. The particle-strengthening models suggest that the precipitate plate aspect ratio is an important strengthening factor, as least as important as the precipitate number density, and that a remarkable enhancement in alloy strength could be achieved if the aspect ratio of the prismatic precipitate plates is substantially increased.
How to introduce intrinsically strong, prismatic precipitate plates into the magnesium matrix is currently a difficult question to answer. However, one possible approach may involve consideration of phase equilibria and lattice matching of magnesium and precipitate structures. [33, 253, 254] The precipitate phase may be selected from the equilibrium or near equilibrium phases that form via reactions among magnesium and/or added alloying elements. These phases are expected to be intrinsically strong and, therefore, more resistant to shearing and plastic deformation. Inspections of the structures of these equilibrium phases and that of magnesium can reveal whether it is possible to have the prismatic plane as an invariant strain plane (habit Fig. 34 -Microstructural design for precipitation-hardenable magnesium alloys with a higher strength. A near-continuous network of prismatic and basal precipitate plates in (a) can divide a single magnesium grain into many near-isolated blocks in (b) and therefore effectively impede propagation of dislocations and twins. [249] 
plane) between the precipitate and magnesium structures. One good example is the b 1 phase (space group Fm " 3m, a = 0.74 nm) in Mg-Nd, Mg-Y-Nd, Mg-Gd, Mg-Gd-Y, and Mg-Gd-Nd alloys. The structure of this phase can be generated from the magnesium lattice by an invariant plane strain transformation. [180] Therefore, it is fully predictable that the Mg 3 Nd precipitates form as plates on 10 " 10 È É have same crystal structure (space group I " 43m; 58 atoms per unit cell) and similar lattice parameters and orientation relationships, they have drastically different habit planes. The Mg 17 [14] which is slightly larger than that of Mg 17 [253] and because a small change in the lattice parameter of the precipitate phase, or the matrix phase, can cause this to happen, it is currently unclear why the Mg 17 12 phase during the aging process.
It is also to be noted that Mg-Th alloys are also strengthened by 10 " 10 È É a precipitate plates [256] [257] [258] [259] [260] [261] even though these alloys were abandoned many years ago because of the toxicity of Th. The maximum solid solubility of Th in magnesium is only approximately 0.52 at. pct or 4.75 wt pct at the eutectic temperature of 855 K (582°C). [14] The maximum volume fraction of the equilibrium precipitate phase Mg 23 Th 6 in a Mg-3.2 wt pct Th-0.7 wt pct Zr alloy (HK31) aged at 473 K (200°C) is estimated to be~1.8 pct. The prismatic precipitate plates formed in this alloy are quite thin. It is worth examining the crystal structure and formation mechanism of the key strengthening precipitate phase in peak-aged Mg-Th alloys. The knowledge to be gained from this alloy can be used to select precipitate phases that can form from nontoxic alloying elements but lead to similar or even better age-hardening effects. Equally, an in-depth knowledge on the structure and formation mechanisms of prismatic precipitate plates formed in Mg-In-Ca alloys (Figure 29(b) ) can also provide useful guidelines to the formation and manipulation of prismatic plates in magnesium alloys.
In magnesium alloys that are already strengthened by prismatic plates of intrinsically strong precipitate phases, any subsequent enhancement in yield strength requires an increase in the precipitate plate aspect ratio and/or precipitate number density. Approaches to achieving an increase in plate aspect ratio and number density may lie in the use of (1) microalloying additions, which may partition to either matrix or precipitate phase to improve matching between the precipitate and matrix phase; (2) cold work after solution treatment and prior to aging, which introduces dislocations to provide heterogeneous nucleation sites for intermediate and/or equilibrium precipitate phases; (3) duplex or multiple isothermal aging; and (4) single or multiple nonisothermal aging. Such approaches inevitably involve the consideration of the crystal structure, the orientation relationship, the formation mechanism of strengthening precipitate phases, and the elastic strains associated their nucleation.
Currently, there is a lack of a selection rule for microalloying elements. The establishment of this selection rule inevitably requires an in-depth understanding of the formation mechanisms of the plate-shaped precipitates. It was proposed [180] that the b 1 structure can be generated phenomenologically from the a-Mg lattice by a shear on the 1 " 100 À Á a plane in the " 1 " 120 Â Ã a direction, combined with an expansion in the direction normal to the shear plane, which was confirmed in a recent study using atomic-resolution HAADF-STEM ( Figure 23(c) ). [196] The transformation strain itself is an invariant plane strain, with the invariant plane parallel to the shear plane 1 " 100 À Á a . This formation mechanism is similar to that proposed for c¢ plates in Mg-Gd-Zn [203] and Mg-Y-Zn [214] alloys, proeutectoid a plates in a TiCr alloy, [262] [263] [264] and for precipitate plates of c¢ in Al-Ag alloys, h¢ in Al-Cu alloys, T 1 in Al-Cu-Li(-Mg-Ag) alloys, and X in Al-Cu-Mg-Ag alloys. [265, 266] Figure 36 shows schematically an initial b 1 platelet that has a thickness of one unit cell and is constrained within the a-Mg matrix phase. If the precipitate phase is much stronger than the matrix, then the formation of this platelet will result in regions of expansion (E) and contraction (C) in the matrix surrounding the platelet and to the associated accumulation of significant shear strain energy. [180] A mechanism is thus required to operate to minimize the shear strain energy during nucleation (and growth) of the precipitate phase. One potential approach to accommodating the shear strain energy involves an extrinsic supply of relatively larger solute atoms to the E regions and of corresponding concentrations of vacancies to the C regions. Such an environment might be found in the vicinity of clusters combining larger solute atoms with a local excess of vacancies. Although currently there is no evidence for such solute-rich clusters in Mg-Nd, Mg-Gd, Mg-Gd-Y, Mg-Gd-Nd, and Mg-Y-Nd alloys, it is to be noted that Nd, Gd, and Y atoms have relatively high binding energies with vacancies [180] and are all larger than Mg atoms. The shear strain associated with an embryo precipitate plate might be reduced or removed if Nd, Gd, or Y atoms segregate to the extended regions and associated vacancies to the compressed regions during nucleation. If such a mechanism were to operate, then it is plausible that any particles evolved from such soluterich clusters would be expected to form at the end facets rather than the broad surfaces of the b 1 plate. This is in perfect agreement with experimental observations that b 1 plates form invariably in association with b¢ particles that are in contact with the end-facets of b 1 plates (Figure 23(a) ). It is to be noted that similar phenomena have been documented in Al-Cu-Sn alloys, where the formation of h¢ plates involves a large shear strain [265, 266] and Sn particles are invariably located at the end facet of h¢ plates when they form in association with the h¢ plates. [267, 268] The accumulated experimental evidence seems to suggest that the most effective microalloying elements in enhancing nucleation rates of plate-shaped precipitates are those having larger atomic sizes and strong binding energies with vacancies. Although it is a straightforward exercise for the selection of elements with larger atomic sizes, it is currently difficult to judge which elements have large binding energies with vacancies in the matrix of magnesium. There is an urgent need for more theoretical [86, 87] and experimental [269] work on this aspect.
An alternative way to accommodate the shear strain energy involved in the precipitate formation and, therefore, to facilitate the nucleation of b 1 precipitates is to introduce dislocations of appropriate Burgers vectors. As shown in Figure 22 , the cold work prior to aging can promote the formation of b 1 phase and the maximum hardness. Although the interaction between preexisting dislocations and the b 1 phase has not been examined in detail using transmission electron microscopy, it is to be noted that in Al-Cu alloys, a partial dislocation with a Burgers vector of a=2 001 h i a on {100} a can cancel the shear strain associated with the formation of a plate of h¢ of single unit cell thickness and thus facilitate nucleation of h¢ [270] ; and that in Al-Cu-Li alloys, the shear strain involved in the formation of T 1 precipitate plates of unit cell thickness may be eliminated if nucleation occurs on a Shockley partial dislocation. [271] It is interesting to note that some prismatic plates of b 1 phase can form a hexagonal-shaped, continuous network in localized regions of the magnesium matrix ( Figure 37 ). [196, 272] The formation of such a honeycomb structure of the b 1 plates is likely to be associated with a preexisting hexagonal network of dislocations inside magnesium grains. It is of significance to strengthening if this honeycomb structure could be extensively generated inside individual magnesium grains.
Although the yield strength achieved thus far in magnesium alloys is still much lower than that obtained in counterpart aluminum alloys ( Figure 38 and Table II) , it is to be noted that a significant progress has been made over the past 12 years. The yield strengths of precipitation-hardenable magnesium alloys were generally less than 200 MPa, which are lower than those of aluminum alloys, before year 2000. But around years 2007 to 2009, the yield strength of magnesium alloys approached 320 MPa for casting alloys [235] and 475 MPa for extrusion alloys. [202] A similar or even faster pace is expected in the development of highstrength magnesium alloys if the level of magnesium research activities enjoyed over the past 12 years can be maintained in the future. The precipitation hardening phenomenon in aluminum alloys was discovered accidentally by Alfred Wilm in 1906, [273] [274] [275] and the strength of aluminum alloys made at that time was compatible to that of precipitation-hardenable magnesium alloys in year 2000. In the following years, the agehardening response and the strength of the alloys were gradually improved with the additions of microalloying elements, either individually or in combination ( Figure 35 ). In 1989, it was discovered that additions of small amounts of lithium to Al-Cu-Mg-Ag alloys could stimulate an even greater age-hardening response, [276, 277] and an Al-Cu-Li-Mg-Ag alloy designated Weldalite 049 (McCook Metals, LLC, McCook, IL) was developed by Pickens et al. [277] Although the composition of this alloy is not too much different from that of the Al-Cu binary base alloy, this alloy has an extraordinary age-hardening response and has an ultrahigh strength exceeding 700 MPa when tested at room temperature.
V. UNSOLVED ISSUES AND SUMMARY
As a consequence of the tremendous efforts made over the past decade, considerable advances have been made in the understanding of precipitation and hardening in magnesium alloys and the development of highstrength magnesium alloys via precipitation hardening. However, as a class of engineering materials, magnesium alloys are still inferior to aluminum alloys in terms of age-hardening response and strength. Further attempts to improve the strength of existing alloys and the development of new high-strength alloys require an insightful understanding of the factors important in controlling the nucleation and growth of precipitates and the strength of the alloys, which inevitably involves consideration of the structure, orientation relationship, morphology, and formation mechanisms of precipitates and the interaction between these precipitates and dislocations and twins during the deformation process. Such understandings form the platform of any rational design and development of magnesium alloys with improved strength. In precipitation-hardened magnesium alloys with multiple alloying elements, the metastable or equilibrium phase equilibria that determine the formation of key strengthening phases have not been examined systematically. Future improvements in the design of magnesium alloys for higher strength will require an improved understanding of the metastable and equilibrium phase equilibria leading to those intermediate or equilibrium phases forming as plate-shaped precipitates on prismatic planes. In particular, there needs to be a concerted systematic effort to understand more completely the role of microalloying additions in determining metastable or equilibrium phase equilibria, especially in promoting the number density and/or aspect ratio of the plate-shaped precipitates outlined in Figure 34 . There are still many unsolved and challenging issues on precipitation and hardening in magnesium alloys, which provide ample opportunities for further research in the forthcoming years. These issues include the following:
1. The structure and composition of precipitate phases formed in the early stage of isothermal aging are poorly understood in many, if not all, commercial and laboratory alloys. The full spectrum of the precipitation sequence and especially the relationship between adjacent precipitate phases in the whole precipitation sequence remains clear. For example, how does an already formed precipitate phase influence the nucleation of another precipitate phase? It has been demonstrated in recent years that the application of atomic-resolution HAADF-STEM, i.e., Z-contrast imaging technique, can reveal more structural and compositional information at the atomic scale. The use of this imaging technique, combined with 3DAP and other characterization techniques, is expected to resolve this issue. 2. Many of the precipitate phases in magnesium alloys form as basal plates, and often their thickness is of a single unit cell height and remains so even after prolonged aging at elevated temperature. These plates also commonly form in pairs or clusters. It is currently not clear why such precipitate plates resist thickening and why they form in pairs or clusters. These phenomena do not seem to be solely related to the elastic strain effects that are imposed on the precipitates and the surrounding matrix. 3. The particle strengthening models indicate that a combined distribution of intrinsically strong prismatic and basal plates of large aspect ratio is needed for developing higher strength magnesium alloys. Although a rich knowledge has been accumulated for generating basal plates of large aspect ratio, it is currently difficult to know how to generate prismatic plates of the required aspect ratio. The factors determining the habit plane of plateshaped precipitates and the phase equilibria in a multielement system remain largely unknown. The precise role of microalloying elements in the nucleation and growth of strengthening precipitate phases is also largely unknown, and the selection rules of microalloying elements remain empirical. 4. Magnesium alloys often have a mixture of precipitate phases that have different morphologies, sizes, and distributions instead of having a single precipitate phase of a uniform size. How such precipitates interact with dislocations and twins during the deformation process and therefore influence the alloy strength is an area that has been much less researched.
It is inevitable that any rational design and further development of higher strength magnesium alloys requires a much better understanding of such issues. With modern manufacturing, processing, and characterization facilities as well as modern communication networks, it is foreseeable that it will take a much shorter period for magnesium alloys to achieve the ultrahigh-strength level that is currently enjoyed by precipitation-hardenable aluminum alloys, i.e., much less than the 80-year period experienced by the development of ultrahigh-strength aluminum alloys (Figure 35(a) ).
